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SUMMARY
The incorporation of a ductile second phase into a monolithic ceramic is a well 
established toughening technique. This study is concerned with the toughening of a- 
alumina/20 vol% iron ceramic matrix composites. The main emphasis has been to 
investigate the effect of the morphology of the iron on the toughness of the composite 
material.
The fabrication process employed was that of hot pressing. Manipulation of the 
starting powders has resulted in the formation of hot pressed materials with 
morphologically different microstructures (a difference in the distribution of the iron 
particles throughout the alumina matrix).
The fracture toughness of the materials has been measured using indentation, 
double torsion and double cantilever beam methods. The indentation technique was 
found to be inappropriate for the finite measurement of fracture toughness due to the 
non-ideal crack patterns produced with each indentation event. All three tests, however, 
found the composite materials to be tougher than the parent matrix and comparatively 
accurate fracture toughness values were produced by the double torsion (DT) and double 
cantilever beam (DCB) testing techniques. The toughest composite was found to be the 
one which possessed a combination of long-crack (a network distribution of iron particles) 
and short-crack (discrete iron particles) toughening mechanisms.
The DCB test was developed in this study to enable the in situ observation of 
crack/particle interactions at the microscopic level. Observation of the interactions was 
made possible by performing the tests on a straining stage which was mounted inside a 
scanning electron microscope.
The observed toughening mechanisms for each composite were isolated and 
incorporated into a numerical analysis. This analysis allowed specific energy values to be 
allocated to each type of toughening mechanism. It was found that the energies for the 
intrinsic toughness of the matrix, debonding and plastic deformation were in the correct 
proportion to each other and the energy attributed to plastic deformation compared 
favourably with a theoretically derived value.
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NOTATION
a - Indentation diagonal half width
aQ - Particle radius
A  - Area fraction
b - Thickness of double cantilever beam or double torsion specimen
bn - Thickness of webbing on double cantilever beam or double torsion
specimen 
c - Crack length
C - Compliance
Cs - Obstacle half spacing
C; - Critical flaw size
cQ - Initial crack length
d - Length of indentation diagonal
dc - Critical particle size
db - Size of brittle segment
E - Young’s modulus (E’ in plane strain)
Em - Young’s modulus of the matrix
Ep - Young’s modulus of the particle
f  - Volume fraction
G - Strain energy release rate
GIC - Critical strain energy release rate
h - Double cantilever beam specimen half height
H - Hardness
J - Path independent integral
K, - Applied stress intensity factor (or crack driving force)
Kj - Mode I stress intensity factors (subscripts II and III apply to respective modes)
KIC - Critical mode I stress intensity factor
Kr - resistance to crack driving force
Kr]P - Crack tip driving force
vii
L - Process zone length
Ld - Debond length
m - exponent describing the pull-out behaviour of a bridging ligament
n - Indentation size index
P - Load
Po2 - Oxygen partial pressure
R - Crack Resistance
e^f£ - Effective particle radius
Ro - Intrinsic fracture resistance energy
RP - Roughness Parameter
R p - Extrinsic fracture resistance energy
T - Fracture toughness (intrinsic and extrinsic contributions)
T, - Line tension
T0 - Intrinsic fracture toughness
T - Extrinsic toughening mechanism
u - Crack opening due to ligament stretching
u* - Maximum crack opening prior to ligament failure
w ad - Work of adhesion
X - Distance from crack tip
- Coefficient of thermal expansion of the matrix
<*p - Coefficient of thermal expansion of the particle
Aoc - Coefficient of thermal expansion mismatch (ap - am)
6 - Deflection of double cantilever beam
5 - Correction variable in double cantilever beam equation
AG - Toughness increment
Yc - Surface energy of a ceramic
Ym - Surface energy of a metal
Y me - Energy of the interface between a metal and ceramic
viii
- Fracture surface energy
- Applied stress
- Bridged tensile fracture strength
- Average compressive bridging stress
- Fracture Strength
- Residual stress
- Average closure stress on a ligament as a function of u
- Stress function of crack geometry with respect to distance from crack tip
- Yield stress
- Temperature difference
- Constant in double cantilever beam equation
- Poisson’s ratio
- Poisson’s ratio of the composite
- Poisson’s ratio of the matrix
- Poisson’s ration of the particle
- Constraint factor
- Work of rupture
- Non dimensional crack parameter
Chapter 1 
Introduction
C h a p t e r  1 :  I n t r o d u c t i o n
I. INTRODUCTION
1.1 BACKGROUND TO THE PROJECT
There are several attractive properties which monolithic ceramics possess including 
high hardness, chemical inertness and refractory character. These properties are offset 
in terms of engineering applications, however, by the inherently brittle nature of ceramic 
materials. This main drawback has led to the study of ways in which ceramics could be 
made more reliable by improving their toughness.
Much of the advances in the study of the fracture toughness of ceramics are 
considered to have originated from the work of Davidge and Wiederhorn in the 1960s. 
These authors began the process in which the fracture toughness, KIC, could be established 
as a parameter of the material and eventually be related to the microstructure of the 
material.
On a microstructural level, the toughness of a ceramic can be thought of as the 
resistance of the material to the propagation of cracks. If these cracks are above a certain 
critical size, then there is a high probability that they will propagate through the material 
in a catastrophic manner. One way in which the flaw tolerance of a ceramic can be 
improved is by the incorporation of a secondary phase. This phase can interact with any 
propagating cracks causing them to deflect and take a more tortuous path through the 
material. This encourages failure on a benign, as opposed to a catastrophic, level.
The second phase addition may take several forms. Ceramic whiskers, oriented 
thin disks, or ceramic fibres in a brittle matrix are three such examples. These systems, 
however, may have anisotropic properties which can be a disadvantage. Inert ceramic 
particles resolve the problem of anisotropy and ceramic matrix composites of this nature 
are easier to manufacture. Such composites, however, do not give appreciable toughening
1
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increases (e.g. Faber and Evans, 1983). The incorporation of a ductile particulate 
secondary phase into a brittle matrix may produce tougher composites than a particulate 
brittle/brittle system if the ductility of the second phase can be utilised. A  brief summary 
of the various approaches that have been attempted regarding secondary phase additions 
is shown in Table 1.1.
Table 1.1 : Tough Ceramics (after Evans, 1990)
Mechanism
Highest Toughness 
/ MPa mV
Exemplary
Materials Limitation
Metal Dispersion -2 5 a i a / ai
A L A /N i
W C /C o
T * 1300 K 
Oxidation
Whiskers/ Platelets -  15 Si3N4 / SiC 
Si3N4/Si3N4 
A 1 A / SiC
Oxidation 
T £ 1500 K
Fibres ;> 30 a i a / a i a
SiC /SiC 
SiC/C
Processing
Coatings
Fibres
Microcracking -  10 A l /V  Zr02 
SiC / TiB2 
Si3N4 / SiC
T <; 1300 K 
Strength
Transformation -  25 Zr02 (MgO) 
H f02
T £ 900 K
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This thesis is concerned with the toughening of ceramics by the incorporation of 
a ductile secondary phase. The main aim of the project was to investigate the effect of 
microstructure on the fracture toughness of the composites. The a-alumina/iron system 
was chosen as the specific system of study to complement a parallel study being 
undertaken for the cc-alumina/nickel system (Sun, 1993). Iron and nickel are elements in 
the same group of the periodic table, with similar physical properties. It was anticipated 
that studies of these composite systems would lead to an understanding of behaviour 
which would be applicable to other ductile particle reinforced ceramic matrix composite 
systems.
1.2 OUTLINE OF THESIS
After this introductory chapter, the literature is reviewed, beginning with the 
properties that a ductile particle must possess in order to toughen effectively a brittle 
matrix. This is followed by a historical overview of the development of ductile phase 
reinforced ceramic matrix composites, including advances in processing, the application 
of fracture mechanics principles and modelling. Chapter 3 describes the experimental 
techniques employed in the fabrication, characterisation and fracture toughness 
determination of the alumina/iron composites. As fracture toughness is the main focus 
of this thesis, Chapter 3 places emphasis on the advantages and disadvantages of the 
fracture toughness testing techniques used. It describes also a double cantilever beam 
testing configuration/technique which was developed especially for in situ testing of small 
ceramic specimens.
Chapter 4 is concerned with the results from the characterisation of the fabricated 
composites. It includes also a brief study of the interfacial phenomena in these materials. 
Chapter 5 assesses the general indentation behaviour of the composites. This involves 
hardness determination, indentation fracture toughness determination and the 
characterisation of indentation-induced sub-surface damage via confocal laser scanning
3
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microscopy. Chapter 6 compares the fracture toughness data for the composites and 
discusses the results in terms of the crack/particle interactions at the microscopic level. 
Simple models, which give quantitative estimates of the energy absorbed by each observed 
toughening mechanism, are presented also. The implications from the results in Chapters 
5 and 6 with regard to fracture toughness are investigated in Chapter 7 by fabricating and 
testing a new composite. The results obtained are discussed in terms of toughening 
mechanisms. Chapters 8 and 9 present the main conclusions of the current work and 
suggest possible topics for future work.
4
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2. LITERATURE REVIEW
2.1 INTRODUCTION
The incorporation of a ductile phase into a brittle matrix to produce a tough 
composite requires the ductile phase to behave in a certain manner if the toughening 
capabilities are to be utilised fully. The following literature review will begin by 
introducing some of the basic ideas concerning the properties which a ductile phase must 
exhibit in order to maximise its toughening potential.
Following the introduction of these ideas, there is a historical review of the 
development of ductile particle reinforced ceramic matrix composites which includes a 
consideration of the advances in the processing of these materials. An integral part of the 
study of these materials is the development of models of ductile particle behaviour. Most 
of these models follow a fracture mechanics approach in which the fracture toughness is 
related to the microstructure of the material. A  brief introduction to these fracture 
mechanics principles is included, followed by a discussion of the models.
2.2 BASIC IDEAS
This study is concerned with the incorporation of ductile particles into a brittle 
matrix. In order to be of most effect, these ductile particles must deform plastically. This 
deformation dissipates some of the energy which would have been used for crack 
propagation. There are certain conditions, however, which must be satisfied before this 
plastic deformation can occur. These conditions will now be discussed.
With brittle matrix/ductile particulate systems, there are several ways in which an 
advancing crack may be affected by an incorporated particle. In general, if the inclusions 
are smaller than the grain size of the matrix, then they may be able to ease the path of
5
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an advancing crack, making the material effectively more brittle. This phenomenon has 
been reported for ceramic/ceramic composites (Buljan e t  a l , 1989) and it is assumed that 
it will occur in ceramic/metal composites.
If the ductile inclusion size is larger than the grain size of the matrix, then there 
are several possible types of crack/material interaction which may occur. These 
interactions are summarised in Figure 2.1. The crack may be deflected away from the 
particles (Figure 2.1a). This occurs in cases where the Young’s modulus of the matrix is 
less than that of the inclusions and/or the coefficient of thermal expansion (CTE) of the 
matrix is less than that of the inclusions. In extreme cases of the above, the crack will 
tend to avoid the particles and they become virtually ineffective.
If the conditions of the above are reversed, then cracks will be attracted towards 
the inclusions. If the strength of the interfacial bond between the inclusions and the 
matrix is weaker than the yield strength of the inclusion, then the crack circumvents the 
particle, and causes matrix/particle debonding to occur (Figure 2.1b). Faber and Evans 
(1983a), have reported that toughness values in brittle/brittle systems as a result of this 
mechanism are modest (of the order of twice the matrix toughness). If the interfacial 
bond strength is high enough, however, the interface will no longer be the easiest fracture 
path and the crack will be forced to interact with the particle (Figure 2.1c). In this way, 
by utilising the ductility of the particles, greater toughness values than in the previous case 
can be achieved.
The amount of toughness increase is related directly to the ability of the ductile 
particles to plastically deform, span the crack faces and impose closure tractions on the 
separating crack faces which reduce the stress intensity at the crack tip. It would be 
reasonable to assume that for a strongly bonded inclusion in a given brittle matrix, 
toughening increases scale with the ductility of the inclusion. The maximum toughening 
capability of the inclusion, however, is not due solely to its ductility, but due also to the
6
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Figure 2.1 Schematic illustration of various crack/particle interactions, (a) Crack 
avoids particles, (b) Debonding at crack/particle interface, (c) Ligament formation via 
plastic deformation.
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effect of interfacial bond strength on the volume of ductile material available for plastic 
deformation. With a very high bond strength, the high constraint of the matrix does not 
allow a significant amount of plastic deformation of the particle to occur prior to rupture. 
Hence, any bridging effects in the wake of the advancing crack would be minimised 
leading to only small toughness enhancements. A better situation would be to have a 
bond strength which could promote partial debonding of the particle. This would leave 
a much greater volume of material free to be deformed plastically.
Figure 2.2 illustrates the effect of matrix constraint by considering the amount of 
energy dissipation, AG, that a single particle promotes with high constraint (Figure 2.2a) 
and intermediate constraint (Figure 2.2b). In the latter case, the advancing crack interacts 
with several more particles prior to rupture of the first ductile ligament (defining the 
process zone length). Therefore, the steady state toughness of a material is related 
directly to the energy dissipated by the plastically deforming bridging particles in the 
process zone.
2.3 THE DEVELOPMENT OF DUCTILE PARTICLE REINFORCED/BRITTLE
MATRIX COMPOSITES
The majority of the early work on the incorporation of a ductile particle into a brittle 
matrix was concerned with the effect of the additions on the s tr e n g th  of the material (e.g. 
McHugh, 1966; Rossi, 1970). These workers considered how the addition of small 
quantities of metals, such as chromium, altered the strength of alumina. When 
strengthening occurred, it was attributed to the metals acting as grain growth inhibitors 
during the sintering process. Rankin (1971), in a general study of the mechanical 
properties (elastic modulus, microhardness and tensile strength) of an 
alumina/molybdenum composite f was the first worker to report on the effects of a ductile 
phase on fracture energy. He found that the fracture energy of hot pressed alumina with 
an addition of 5% by weight of molybdenum was 50% greater than sintered pure alumina
7
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Figure 2.2 Schematic illustration of the effect of particle-matrix interfacial bond 
strength on the energy dissipated by a stretching particle. >s *he area fraction of 
particle intersecting the crack faces and o(u) is the traction exerted by the particle with 
crack opening u.
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of the same grain size. In this way, ductile particles were shown to increase the fracture 
energy of a brittle system.
Hing and Groves (1972) studied the effect of ductile particles (and fibres) on the 
fracture energy of brittle MgO bars using 3-point bend tests. The work of fracture was 
found to increase with an increase in the volume fraction of metal (up to 40% by volume 
of nickel, iron or cobalt) and the main toughening mechanism was thought to be due to 
the plastic deformation of these particles. Study of the interfacial regions in post­
fractured MgO reinforced with metal fibre showed, however, that debonding and 
subsequent fibre pull-out was the main mechanism of toughening. This gave an indication 
as to the weakness of the interfacial bond and it was postulated that plastic deformation 
was unlikely to occur in the particulate systems unless the particles were mechanically 
interlocked to separating MgO crack faces. No attempt was made, however, to observe 
this phenomenon and no theoretical predictions of toughening increments were made.
Chermant and Osterstock (1976) studied the effect of microstructure on fracture 
toughness using the WC/Co system. They arrived at the same conclusions as regards 
volume fraction of ductile phase as Hing and Groves (1972) in that the toughness 
increased with increasing volume fraction of ductile cobalt phase. They were able also to 
relate the fracture toughness to the contiguity of the WC phase which describes the mean 
free path of the Co phase. The contiguity of the WC grains could be altered by changing 
their size, but keeping the volume fraction of WC and Co constant. The testing of 
composites with these WC grain size differences (and therefore Co phase size differences) 
revealed that the composites with an increased size of ductile phase produced greater 
toughening than the composites with smaller ductile zones. In an attempt to gain greater 
understanding of the toughening events at the microstructural level, tentative analyses of 
the fracture mechanisms in these composites were proposed. In this way, the work in the 
field began to move away from a purely descriptive treatment of the toughening effect of 
ductile particles in a brittle matrix towards the formulation of empirical models to describe
8
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the toughening mechanisms.
Sigl e t  a l  (1987) measured the fracture energy in 3-point bend of WC-Co 
specimens at a variety of WC grain sizes and Co volume fractions. Fracture energy was 
found to increase according to the criteria stipulated by Chermant and Osterstock (1976). 
In addition, the m e c h a n i s m s  of crack particle interactions were studied. The toughening 
mechanism of ligament stretching of Co behind the crack tip suggested that toughening 
was related to the bridging zone length (the distance from the crack tip to the last failed 
ligament in the wake) and the amount of ligament stretch was directly related to the 
constraint of the WC matrix. In cases of high matrix constraint, lack of ligament 
stretching was compensated for by void formation and coalescence.
Concurrent to the study of the effects of ductile particles on the mechanical 
properties was the consideration of the thermal residual stresses resulting from a 
difference in CTE of the matrix and particles. The CTE mismatch, A a, is a very important 
parameter in any composite system and can have a significant effect on the resultant 
mechanical properties. The potential problems associated with this phenomenon have 
been highlighted by workers studying ductile particle reinforced glass systems (e.g. Nivas, 
1970; Powell, 1980; Troczynski, 1988). Glass is the brittle material chosen for such studies 
because it is relatively easy to fabricate a glass with specific thermal expansion properties. 
For the purposes of this discussion, A oc is defined as:
A a  = a p - a m (2.1)
where the subscripts p and m denote the particle and matrix respectively.
Authors have shown that for weakly bonded metals in a glass matrix, if A a is large 
and negative, the resultant internal stresses after cooling may lead to microcracking in the
9
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glass due to tangential tensile stresses (e.g. Frey e t  a l , 1967), and for A a that is large and 
positive, decohesion of the particle from the glass due to radial tensile stresses may occur 
leading to voids in the composite (e.g. Hasselman e t  a l, 1966).
Krstic e t  a l  (1981) studied the behaviour of Ni/glass composites in which there was 
very little CTE mismatch and observed that the crack avoided the particles completely. 
The authors concluded that this was caused by elastic stress concentrations due to the 
higher elastic modulus of the nickel relative to the glass. If the nickel was incorporated 
into a glass with a higher Young’s modulus, the crack would have been attracted towards 
the particle (Jessen, 1989). These results suggest that in the absence of CTE mismatch 
effects, the crack path is dominated by Young’s modulus mismatch effects.
Krstic e t  a l  (1981) studied also the Al/glass system. Al particles were oxidised to 
produce strong bonding between the metal and glass. Two Al/glass composites were 
fabricated, one with a large positive A a value and the other with a large negative A a 
value. Despite the CTE mismatch differences, the Al particles failed in a ductile manner 
in all cases of crack interaction for both composites. Hence, with a high interfacial bond 
strength, on crack/particle interaction, plastic deformation occurs regardless of CTE 
mismatches.
Kunz (1981) commented on the work of Krstic e t  a l  (1981), criticising the values 
used for the CTE and yield stress of the aluminium particles. Kunz considered the 
importance of matching the CTEs to be overstated and showed, using a corrected value 
for the CTE of aluminium, that the internal stresses in these specimens were greater than
r
those present in the samples containing nickel. More importantly, she stated that the glass- 
A1 interfacial bond strength was higher and the elastic mismatch was less than that of the 
glass/nickel composites. This prevents propagating cracks from avoiding the particles. 
Kunz considered also the value of yield stress used by Krstic e t  a l  to be too low due to 
the fact that Krstic e t  a l  used values obtained from uniaxial tensile tests which are not the
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same as for constrained particles. These differences in the properties of the Al/glass and 
Ni/glass systems make conclusive comparisons of their behaviour unfeasible.
Moore and Kunz (1987) studied the effect of the addition of Kovar (Fe-Ni-Co) 
particles on the fracture toughness of borosilicate glass. In order to vary the glass-particle 
interfacial bond strengths, three types of surface treatment were applied to the particle 
prior to composite fabrication. These were: cleaning ultrasonically in acetone (to remove 
surface impurities); cleaning ultrasonically and then oxidising (to improve wetting by the 
glass); and cleaning ultrasonically, oxidising and etching (to increase surface roughness and 
promote mechanical interlocking). In all cases, the fracture toughness of the composite 
was found to increase with the addition of the particles. The greatest increase occurred 
with the composite fabricated from the particles which had been cleaned, oxidised and 
etched. Observation of post-failure specimens revealed that the crack had propagated 
around the particle-matrix interface. Hence, no plastic deformation of the ductile phase 
had occurred. The toughness increase was explained, therefore, in terms of crack 
deflection on particle interaction and the strength of the particle-matrix bond.
The work of Tuan and Brook (1990) serves as an example of the study of the 
effect of interfacial bond strength on the fracture toughness of a non-glass system. 
Alumina/nickel composites were fabricated by the reduction of nickel oxide particles (0.5 
[iin) in alumina. Nickel oxide was used in order to promote some interaction (chemical 
reaction or wetting) between the alumina and resultant nickel in the final composite. In 
many metal-nonmetal systems, the wetting is often poor. Chemical reactions between 
molten metal and solid surfaces can enhance wettability but are often undesirable because 
reaction products can disrupt microstructural homogeneity. In this case, the final 
alumina/nickel composite contained the interphase nickel aluminate spinel. This phase 
was found to increase the interfacial bond strength and enhance the toughness of the 
composite.
11
Chapter 2 :  Literature Review
If the size of the metallic inclusions in a brittle/ductile composite is sufficiently 
small, the radial tensile stresses at the interface will be reduced, thus minimising the 
possibility for decohesion and increasing the ability for wetting. Using Selsing’s equation 
(1961), Tuan and Brook (1992) were able to calculate the critical nickel particle size (2.5 
pm) for minimal stresses in the ALG/Ni system. This ’critical size criterion’ has led to the 
development of nanocomposites such as alumina with sub-micron (40 nm) ductile particles. 
Such composites maximise the wetting potential of the metallic phase (e.g. Devaux e t  a l ,  
1991; Laurent e t  a l , 1992) and composites with a KIC of 8 MPa m1/2 have been fabricated 
by this technique.
Nanocomposites are one example of an advance in processing technology which 
has enabled the promotion of the specific property of wetting. Another example is the 
directed-metal-oxide composites (DIMOX™) which were developed in the late 1980’s, the 
first of which was Lanxide™ (Newkirk e t  a l , 1987). Lamdde™ is formed by oxidising an 
aluminium alloy through preforms of alumina, in air, at an elevated temperature and 
stopping the oxide growth before all the metal is converted to oxide. This produces an 
oxide ceramic matrix with interconnecting aluminium metal channels. The growth of 
matrix into a preform typically involves little or no change in dimensions thereby avoiding 
the problems of densification shrinkage associated with sintering.
General studies of the density, thermal conductivity, hardness, thermal shock 
resistance and fracture toughness have been performed on various DIMOX™ materials 
(Aghajanian e t  a l , 1989; Breval e t  a l , 1990). The toughening mechanisms in these 
composites have been investigated also using electron microscopy to provide i n  s i t u  
measurements of the microstructural parameters that govern ductile ligament toughening. 
The primary mechanism of toughening by ductile inclusions in these materials was shown 
to be plastic deformation between crack surfaces (Flinn e t  a l , 1989).
The importance of the interfacial bond strength between the ductile and brittle
12
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constituents in these materials was investigated also. The amount of plastic stretching 
afforded by a ligament was related to how well it was bonded to the matrix, or the amount 
of mechanical interlocking to the matrix, and was shown to subsequently affect its 
toughening capability. Flinn (1991) showed that Lanxide™ was more likely to show 
ligament stretching if the grain size of the alumina was small. In this way, interfacial 
fracture would occur by a process involving void nucleation at triple grain junctions of the 
matrix. The fracture toughness (KIC) of such composites were shown to be in the region 
of 10 MPa m V2.
The success of the DIMOX™ materials and nanocomposites has led to the 
tailoring of other composite materials which can capitalise on all the property 
requirements of a ductile phase in a brittle matrix. Composite materials such as 
alumina/iron and alumina/nickel are currently being studied in order to establish if there 
are any generic properties common to both systems. Any generic properties may then be 
applied to other ceramic/metal systems (for example, silicon carbide with ductile metallic 
inclusions) using microstructural tailoring methods (see § 2.5.5).
2.4 FRACTURE BEHAVIOUR OF CERAMIC MATERIALS
2.4.1 Theoretical Considerations
The fracture strength of a given material was thought originally to be governed 
by a well defined stress limit which, if exceeded, would lead to fracture. It was rapidly 
found, however, that the fracture strength of most materials, especially brittle materials, 
fluctuated by as much as an order of magnitude. Hence, the shortcomings of this critical 
stress criterion were quickly realised. The main reason for its inadequacy was due to the 
empirical nature of the criterion in that it was not based on sound physical principles 
(Lawn, 1993a).
13
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It was not until 1920, with a paper by A.A. Griffith, that the criterion for the 
extension of an isolated crack in a solid subjected to an applied stress was formulated. 
Griffith modelled the crack as a reversible thermodynamic system by separating the energy 
required for crack extension into mechanical and surface energy terms. In this way, the 
criterion for predicting the fracture behaviour of a material moved away from an empirical 
assumption, to the laws of energy conservation.
Irwin (1958) followed on from the original Griffith concept by considering the 
propagation of a crack in terms of stress intensity rather than energy. He considered the
stress state in an isotropic elastic medium near the crack tip and showed it to be related
to a function of the tip and a quantity that depended on the nature of the crack and the 
applied stresses on the body. This quantity he referred to as the stress intensity factor, 
K. The stress intensity factor for a solid containing a crack of length ’c’ with an applied 
stress aa is given by (Irwin, 1958)
1 / = ilroa c1* (22)
where IC, is the crack driving force expressed in terms of the applied stress intensity, and 
iJjt is a non-dimensional parameter dependent on crack shape and location. The stress 
intensity parameter quoted most often when dealing with ceramics is KIC. This is the 
critical crack driving force for failure in mode I (tensile opening), which is potentially the 
most catastrophic failure mode in ceramic materials. If a solid with a single valued 
toughness T0 is considered, the conditions for unstable fracture (Barenblatt, 1962) are as 
follows:
K. * T„ (2.3a)
and dK/dc > d T J d c  = 0 (2.3b)
T0 is used here at this point as opposed to the more traditional KIC because the right hand
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sides of Equations 2.2 and 2.3 are concerned with the materials r e s i s ta n c e  to the applied 
loading on a crack to produce crack propagation. (T0 is sometimes denoted as KR , with 
the subscript being the resistance to the crack driving force). At equilibrium (i.e. the 
point at which the critical conditions are just satisfied), Equation 2.2 takes the form
K„ = K. = ^ 0 , 0 ^
= T0 (2.4)
where af is the fracture strength of the solid, c, is the critical flaw size and K<. is the critical 
stress intensity factor. The equilibrium condition of Equation 2.4 is depicted graphically 
in Figure 2.3.
The above fracture equations can also be expressed in terms of an energy balance. 
The net crack tip stress intensity K, is related to the mechanical strain energy release rate 
Ga (a function of spatial crack dimension, not time) by (Irwin, 1958):
Ga == K,2 / E’ (2.5a)
where E is the Young’s Modulus (E5 = E in plane stress and E’ = E /(I - u2) in plane 
strain; u is the Poisson’s ratio). Similarly, the toughness of the material T0 can also be 
related to its fracture resistance energy R0 through:
R0 = T02/E ’ (2.5b)
The criteria for fracture in Equations 2.7a and 2.7b may now be written as:
Ga * Ro (2.6a)
and dGa/ dc k dR0 /dc (26b)
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Figure 2.3 Schematic plot of stress intensity versus crack length in a material with a 
single value fracture toughness, T0 (no KR-curve behaviour).
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respectively.
Hence, the ability of the material to resist crack propagation is measured either 
by the stress intensity factor, KIC, or by its mechanical energy release rate, GIC. By 
measuring the applied loads needed to cause the extension of well defined cracks, the 
intrinsic ’resistance’ or ’toughness’ parameter can be determined and subsequently be used 
to design against brittle failure.
If Equation 2.2 is applied to a typical ceramic material containing a central circular 
flaw, for which ijr = 1.24 (Tada, Paris and Irwin, 1985), with an intrinsic toughness T0 — 
3 MPa m172 and strength of = 500 MPa, a critical flaw size C;= 25 pm is estimated. This 
critical size is extremely small compared with the macroscopic dimensions of a typical 
ceramic component and highlights the extreme sensitivity of strength to flaws in ceramics. 
This flaw sensitivity can be counteracted if the material can be toughened in some way.
2.4.1.1 Consideration of Toughening Mechanisms
Significant toughening of ceramic materials can be achieved by the incorporation 
of a secondary phase. The toughening mechanisms arise due to the effect of inclusions on,
the advancing crack and can be classified into two categories: process zone mechanisms 
and bridging mechanisms. Both are known as shielding mechanisms and occur away from 
the crack tip either in the region ahead of the crack tip (frontal zone) or behind the crack 
tip (wake zone). A summary of the various toughening mechanisms for ceramics is shown 
in Figures 2.4 and 2.5. Some of these mechanisms will now be discussed.
The stress levels in the region ahead of the crack tip have been shown to be 
several times higher than the applied stress levels (Irwin, 1958). The presence of such 
high stress levels ahead of the crack tip is conducive to stress-induced processes. If 
dilatational, these stress-induced processes can exert significant closure stresses on the
16
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(a) Crack Tip
Crack Deflection
Toughening
Figure 2.4 Schematic illustration of 
ceramics.
(b) Crack Wake
Grain Bridging
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various crack tip shielding mechanisms in
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Figure 2.5 Schematic illustration of two frontal zone toughening mechanisms, (a) 
Crack bowing between pinned particles creating extra crack surface area, (b) Crack tilt 
and twist between secondary phase brittle particles. [Redrawn after Faber, 1984]
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crack, essentially ’pinching’ it shut.
Transformation toughening requires the material to transform in the presence of 
an induced stress field. This transformation, however, has only been exploited 
commercially for zirconia ceramics (e.g. Garvie e t  a l , 1975; Porter and Heuer, 1977) and 
it is known to be associated with significant dilatational strain. For zirconia, when a 
propagating crack is loaded, the stress field ahead of the crack tip triggers a tetragonal -  
monoclinic martensitic transformation, resulting in dilatational closure forces on the crack. 
This phenomenon cannot occur, however, in alumina/iron composites because there is no 
such transformation in these composite materials.
Microcrack toughening is shown in Figure 2.4a. The high level of stresses in the 
region ahead of the crack tip can potentially trigger a ’cloud’ of microcracks (Hoagland 
e t  a l , 1975; Evans and Faber, 1981). Such microcracks are most likely to nucleate at 
internal weaknesses such as grain facets and pores within the region in the frontal zone. 
The presence of internal tensile residual stresses arising from the thermal expansion 
and/or elastic modulus mismatch can greatly enhance the propensity of the microcracks 
to nucleate at the weak sources (Evans, 1981). In alumina/iron composites, however, the 
matrix is in compression, and it is unlikely that this phenomenon will occur.
Toughening by the plastic straining of particles ahead of the crack tip and remote 
from the crack faces is shown in Figure 2.4a. It has been estimated that this shielding 
process will be predominant in materials where the yield strength of the ductile phase is 
less than 10 MPa and the size of the particles is less than 1 pm (Evans, 1988). Neither 
of these criterion is true for the alumina/iron composites in this study and therefore the 
predominance of this mechanism can be discounted.
Figure 2.5a shows a toughening mechanism that is based on the concept of a line 
tension effect (Lange, 1970). This approach considers a crack front propagating through
17
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a material and becoming pinned at homogeneities. On pinning, the crack front bows out 
forming a new fracture surface and increasing the crack front length. The amount of 
increase depends on the particle spacing. The resultant stress necessary to propagate the 
bowed segment of the crack front is greater than that needed to extend the primary, 
unbowed crack. Since this is similar to the motion of dislocations through a network of 
precipitates, a line tension concept is used to describe the bowed crack front.
The stress needed to propagate a crack though a series of obstacles aa is related 
to the line tension, T, by a modification of the Griffith equation,
0 K  (y + I L )  (2.7)
%c' ° 2c ;
where c' is the depth of the primary through-thickness surface crack, E is the Young’s 
Modulus, y0 is the fracture surface energy, and 2CS is the obstacle spacing. The term, 
T/2CS, provides an additional energy term necessary for fracture through the obstacles. 
The line tension was calculated for various brittle/brittle composite systems and was 
deemed to be the major contribution to the increase in the fracture energy for 
brittle/brittle systems (Evans, 1972). This model could only be applied to systems where 
the second phase was able to momentarily pin the crack front and this requires 
reinforcements with a higher fracture resistance then the matrix material. In ceramic/ 
ductile metal systems, the fracture stress of the ductile phase is invariably lower than the 
matrix. For this reason, the line tension approach could not be applied to ceramic/ ductile 
metal systems.
Of the frontal zone mechanisms, it is quite possible that crack deflection can occur 
in these alumina/iron composites. Crack deflection is defined as the twist and tilt of the 
crack front between constituents in the microstructure which causes a reduction in the
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local mode I stress intensity and therefore reduces the crack driving force. This leads to 
an increase of fracture toughness at the crack tip (Figure 2.4a).
In 1983, two key papers by Faber & Evans discussed the mechanism of crack 
deflection. The theoretical analysis considered a crack subjected to a nominal mode I 
stress intensity Kj and expressed it in terms of tilt and twist angles (see Figure 2.5b). 
Provided the length of the deflected segment is small compared with the total crack 
length, the local tip driving force KXIP can be estimated in terms of the strain energy 
release rate G.
K n p = (E G )V2 (2.8a)
-v2) -v2)+J&d +V)]1'2 (2.8b)
Where Kx, Ku and Km are the respective modes of opening stress intensities along the 
deflected portion. The average strain energy release rate, Gav, across the crack front is
then considered to represent the net crack driving force. By comparing Gav with the
corresponding strain energy release rate for an undeflected crack, Gm, provides the basis 
for predicting the toughness, Gc;
Gc=(Gm/G JG cm (2-9)
The analysis also incorporated effects due to volume fraction of second phase elements, 
particle morphology and the distribution of inter-particle spacing. The best secondary 
phase additions were found to be closely spaced, high aspect ratio rods.
In a companion paper, Faber and Evans (1983b) attempted to provide
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experimental verification for the theoretical predictions. The toughness, crack deflection 
profiles and crack deflection angle data obtained by this study and by other workers (Ruff 
and Evans, 1983; Ritchie, 1988) have appeared to strengthen the case that the inclusion 
of second phase particles, particularly rod-shaped particles of high aspect ratio leads to 
a toughness increase. Many of the workers in the field, however have remained reserved 
as regards acceptance of this crack path meandering hypothesis, particularly as the 
micrographs of cracks shown in the lithium aluminosilicate (LAS) glass ceramic system of 
Faber and Evans (1983b), presented to demonstrate crack deflection, give prime examples 
for elastic and elastic-plastic bridging elements. Therefore, at least part of the toughness 
increase in these materials is due to crack bridging. However, there are still other workers 
who have been able to successfully implement the crack deflection models to describe the 
toughening mechanisms in particulate reinforced materials (e.g. Liu and Ownby, 1991).
2.4.1.2 Kp-curve Behaviour
In many single-phase ceramics or multi-phase ceramic composites, many 
microstructural elements remain intact in the wake of the advancing crack tip following 
intergranular fracture. These ’bridges’ exert closure forces across the crack walls in the 
wake of the crack tip, shielding the crack tip from the applied stress intensity factor 
(Figure 2.4b). Crack bridging is believed to be a significant toughening mechanism in 
ceramic materials and this wake dominated mechanism has been the main focus for the 
most recent review papers on toughening mechanisms in general (e.g. Evans, 1990; 
Becher, 1991; Ravichandran, 1992). Toughening by bridging will also be the focus for the 
study of alumina/iron composites.
In a ductile particle reinforced ceramic matrix composite, the bridging closure 
forces are thought to originate from the plastic deformation of the metal phase and they 
act to reduce to the stress intensity at the crack tip. In terms of fracture mechanics, this 
crack tip shielding can be perceived as giving rise to an extrinsic toughening contribution 
Tp which assists the intrinsic toughness T0 (Lawn, 1993a). The overall toughness T (or
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the crack resistance R) of the ceramic now becomes:
T = T0 + T(1 (2.10a)
or R = R0 + (2.10b)
The critical condition for crack extension is then given by:
Ke = K3
= T0 + T^  = T (2.11a)
or
Gc = Ga
= R„ + = R (2.11b)
The criteria for unstable fracture now becomes (Mai e t  a l , 1986):
and
or
and
K ^ T  
dKj /dc ;> dT / dc
Ga ;>R 
dGa /dc ;> dR / dc
(2.12a)
(2.12b)
(2.13a)
(2.13b)
These additional shielding terms, however, do not change the overall relationship 
between the stress intensity and the mechanical strain energy release (Equations 2.5a and 
2.5b) and can be extended to the relationship between R and T as follows:
R = T2 / E’ (2.14)
Due to the cumulative and irreversible nature of the crack tip shielding events it 
is logical that the toughness of the ceramic increases with the crack extension (KR-curve
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behaviour). This is shown graphically in Figure 2.6 and it implies that the toughening 
term Tp (or R„) is a function of the crack length, c. Therefore, Equations 2.11a and 2.11b 
now take the form:
T(c) = T0 + T„(c) (2.15a)
or R(c) = R0 + R,(c) (2.15b)
The ’rising’ KR-curve behaviour has important implications with regards to the flaw 
sensitivity of the strength of ceramics (Mai e t  a l, 1986; Marshall, 1986). From Figure 2.6a 
it can be seen that with an applied stress intensity K,, which corresponds to an applied 
stress aa, the critical condition for a flaw of size cQ to extend is met (Equation 2.3 a). This 
is not a sufficient condition, however, for unstable fracture to take place (as denoted by 
Equation 2.3b). This is primarily because the propagating crack arrests on the rising 
branch of the KR-curve, resulting in a ’pop-in’ from cG to cp (shown by the arrows in Figure 
2.6a). Unstable fracture can only occur when conditions stipulated by both the Equations 
2.12a and 2.12b are satisfied, as shown by the tangent in Figure 2.6a. In this process an 
initial flaw is able to extend stably up to the point of cf before going to unstable failure 
at aa=af. This imparts reduced flaw sensitivity of strength to the ceramic in the flaw size 
regime C; to cf (Figure 2.6b) and is commonly referred to as ’flaw tolerance’ and is one of 
the great advantages of KR-curve behaviour in ceramics in relation to the design of 
structural ceramics.
It is interesting to note that the ’critical Griffith-flaw’ approach bears little 
significance in a flaw tolerant KR-curve ceramic material, since the system retains no 
memory of the critical flaw size c, (Figure 2.6b), and the crack length at instability, cf , 
becomes the parameter of most importance.
The most conclusive evidence for wake zone mechanisms being responsible for KR- 
curve behaviour in alumina stems from the work of Knehans and Steinbrech (1982 and
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Figure 2.6 Schematic plot of: (a) Stress intensity versus crack length and (b) Strength 
versus crack size relations in a material with a KR-curve (initial toughness T0, steady state 
toughness, TQ. Note the flaw insensitivity of the strength between flaw sizes c( and cf in 
(b). [Redrawn after Bennison & Lawn, 1989].
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1983). These authors performed a ’re-notching’ experiment on coarse-grain alumina in 
which they measured the crack resistance during the stable extension of a crack in a 
notched bend specimen (Figure 2.7). They found that crack resistance increased 
significantly with crack length (i to ii in Figure 2.7a). Subsequently, they unloaded the 
specimen and sawed out the wake of the extended crack, thereby creating a new notch 
which was closer to the crack tip (iii in Figure 2.7b). For the same specimen, but now 
without a crack wake, they found that the crack resistance reduced to the original value 
at the bottom of the KR-curve (iii in Figure 2.7a), instead of continuing to rise. With 
further crack extension and the development of a new wake (iv in figure 2.7b), the crack 
resistance was found to increase again (iv in Figure 2.7a). This unequivocally 
demonstrated the importance of the shielding events occurring in the w a k e  of the crack 
tip in the toughening of alumina ceramics.
2.5 PREDICTIVE MODELS FOR PARTICULATE TOUGHENING MECHANISM
2.5.1 Introduction
The main mechanism of toughening in brittle/ductile composites is believed to be 
the result of the plastic deformation of the metallic inclusions in the bridging zone behind 
the crack tip. These ductile ’ligaments’ impart closure tractions on the crack faces and 
hence, reduce the stress intensity at the crack tip making crack propagation through the 
material more difficult. An understanding of the toughness imparted by ductile ligaments 
depends on the knowledge of parameters that characterise these closure tractions. The 
following section describes the evolution of bridging models for particulate reinforced 
CMCs, including both theoretical and experimental approaches.
2.5.2 Fracture Mechanics Approaches to Bridging
The two approaches of primary importance in bridging phenomena are the stress
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Figure 2.7 Schematic illustration of the ’re-notching’ experiment performed to 
demonstrate the influence of crack wake effects on the toughening of alumina; (a) Crack 
resistance response and (b) Crack geometry. [Redrawn after Knchans and Steinbrech, 
1982].
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intensity concept and the strain energy release rate concept.
Stress intensity factors are additive quantities. In equilibrium, the applied stress 
intensity factor K, is balanced by a crack-length dependent fracture toughness T(c) as in 
Equation 2.15a. The shielding term, T/c), can be described by integrating all the closure 
stresses active in the crack wake. For cases where the bridging zone length ’L’ is small 
compared with crack length, the shielding term is denoted as follows (Sih, 1973):
T ,( c ) =  (2.16)
* * J° f x
where x is the distance from the crack tip and f is the area fraction of ductile material on 
the crack plane. The parameter a(x) is a function of crack geometry, sample geometry 
and stress field and can only provide a satisfactory physical basis if the crack closure forces 
for each ligament may be approximated by the yield stress ay and the cross-sectional area 
over which the ligament operates. These assumptions are based on a method first 
proposed by Dugdale (1960).
A more fundamental computation of bridging is afforded if the J-integral 
formulation is used (Rice, 1968), which is based on an energy concept. The mechanical 
energy release rate, J, is balanced by a crack tip energy term R0 and a shielding term 
R/u*) as in Equation 2.15b. The shielding term R/u*) is obtained by integrating over the 
closure forces stored or dissipated in the crack wake up to a maximum crack opening u  
(the last bridging element):
R ^ u ' )  = ~ 2  J “ 'a ( u ) d u  (2-17)
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where a(u) is the average closure stress on a ligament as a function of crack opening u.
2.5.3 Bridging Models
Evans e t  a l  (1977) approached the modelling of ligament bridging using the 
method proposed by Dugdale (1960) to describe the stresses in the nonlinear region near 
a crack tip. The average compressive stress, ac, which results from the total number of 
ligaments in the zone of crack closure, is determined by dividing the force of each 
ligament by the number of particles per unit area. Hence,
oc = (ic/4)o [1 + d J 2 a 0f (2.18)
where ay is the yield stress of the ligament, db is the size of the brittle segment and aQ is 
the radius of the ductile ligament. The resultant toughness was expressed by Faber (1984) 
in terms of the fracture toughness of the brittle component, K^ , along with a surface 
traction component and the length, L, over which they are operative as:
K c = K 0M ( l + d b/ 2 a 0)2lT zL J2 (2.19)
It has been shown, however, that use of this particular stress intensity approach has led 
to serious underestimations of the toughening capability of ductile ligaments in the WC- 
Co system (Faber, 1984) due to the inadequacies in the definition of the average closure 
force on a ligament as a function of crack opening, a(u).
Evans and McMeeking(1986) examined theoretically the toughening of brittle 
. matrices by the bridging of ductile particles in the crack wake. They highlighted the 
problems associated with the definition of the closure stress produced by particles as a
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function of crack opening displacement or distance behind the crack tip. They began their 
analysis by showing that the strain energy release methods were equivalent to stress 
intensity factor methods in calculating the amount of toughening.
The authors assumed that the plasticity within a particle develops in a systematic 
manner and modelled the stress-crack opening curve in two steps: at initial particle 
yielding and at full plastic stretch. Considering the former case, small scale yielding theory 
predicts the stress and strain of the particle in the initial stages as the plastic zone is 
extending across the particle thickness. This theory, however, is applicable only to 
homogeneous, elastic/perfectly plastic materials and becomes invalid before the plastic 
zone has extended fully across the particle. At full plastic stretch, the load supported by 
the particle decreases as the crack tip blunts. This partially relaxes the particle constraint 
and the crack tip is drawn into the particle. This phenomenon was modelled by a slip-line 
field theory. It is apparent, however, from a combination of the two models that 
constraint levels can cause the average stress in the particle to exceed the uniaxial flow 
stress by as much as a factor of ten.
Budiansky e t  a l  (1988) proposed a spring model to account for the tractions 
afforded by ductile particles. This numerical analysis (based on the J-integral) considered 
small scale bridging, in which the bridge length is small in relation to the crack length, 
specimen dimensions and distances from the crack to the specimen boundaries. The 
analysis showed that the bridging stress should increase rapidly with initial crack opening.
Sigl e t  a l  (1988) proposed three small scale bridging models which described the 
behaviour of a ductile material in the crack tip region. The models were:
(i) a slip-line field analysis which provided an estimate of the flow behaviour of a ductile 
material at small crack openings for non-hardening ductile materials.
(ii) an approximate plasticity approach based on the Bridgeman analysis for necking which 
estimates the stress in a plastically deforming particle in terms of its radius of curvature
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and its uniaxial flow stress.
(iii) a finite element solution (obtained assuming the flow laws in (ii)) which implied that 
the elasticity of the matrix has an important effect on the crack tip curvature and hence 
on the bridging stress.
These models were complementary to each other, but, as with the small scale analysis of 
Budiansky e t  a l  (1988), resultant fracture toughness values underestimated the toughness 
of brittle/ductile composites.
Andersson and Aghajanian (1988) developed a model to describe ductile particle 
bridging based on the two-dimensional strain energy analysis of Sneddon (1946). They 
disputed the feasibility of the model of Sigi e t  a l  (1988) due to the fact that, in order to 
predict a fracture toughness value, the ductile phase required a strength that was several 
orders of magnitude higher than was reasonable for such materials. The model of 
Andersson and Aghajanian was based on a bridged crack of length c contained in an 
infinite body of unit thickness. As an external stress, aa, is applied to the body in a 
direction normal to the crack, the crack faces separate. This displacement, however, is 
hindered by the closure stresses of the metal ligaments. By calculating the closure stresses 
for each displacement prior to crack propagation (an iterative process), an estimate for 
the toughening capability of the ligaments was obtained.
This model was applied to two A^O/Al composites. In each case the calculated 
fracture toughness value was compared to an experimentally observed value from a 4- 
point chevron notch test. The theoretical and experimental values were in good 
agreement when bulk values for the material properties of the particle were used. The 
fracture toughness results for WC/Co from other authors were compared also with 
predicted values and found to be in agreement, but it was not mentioned whether these 
other results were steady state values. Also, Andersson and Aghajanian did not take into 
account the effect of matrix constraint on the flow behaviour of the particle. These latter 
criticisms challenge the accuracy of the predicted results of this model when compared to
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the experimentally observed results.
Mataga (1989) attempted to describe the stress-crack opening displacement 
relationship for a ductile particle constrained in a matrix of higher Young’s modulus. It 
was assumed that the mechanical properties of the unconstrained particles would be 
identical to that of the bulk material, i.e. the size of the particles had no effect on their 
ability to deform plastically. It was assumed also that no voids were formed during 
necking, although it was recognised that high constraint factors increase the stress levels 
within a ligament which encourages void formation.
Finite element analysis was used to model the initial stage of the stress- 
displacement curve for the particle. It was found that this method could not be extended 
into the regime of decreasing ligament load because the necessity for volume conservation 
caused intense non-uniform deformation in the tip-interface region. In order to overcome 
this shortcoming, a blunt crack tip of finite radius was used to extend the analysis to larger 
particle stretches.
The necking regime (the decreasing region of the stress-displacement curve) was 
modelled by finite element analysis and using the Bridgeman solution. Considering the 
finite element analysis, this method was applied to the axial deformation of ductile bars 
in which the ends had been constrained from shrinking radially. The height of the bar 
modelled the amount of constraint relaxation on the ligament by debonding or hollowing 
of the material near the crack tip. A geometrical model was employed also which used 
the assumption of volume constancy to obtain an expression relating crack opening to the 
necking of the ligament. Using the Bridgeman solution, this expression was then related 
to the stress in the ligament. Both of these models gave very similar results for the stress 
displacement curve and showed that a lowering of the constraint on the ligament, by 
debonding for example, leads to a decrease in the peak particle stress but an increase in 
the crack opening displacement at failure. The results suggested also that increased
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debonding leads to an increase in the amount of energy dissipated during ligament failure 
due to the greater volume of ductile material undergoing plastic deformation.
Comparison of the theoretical toughening predictions of these models with 
experimental results was inconclusive. The fracture toughness values of glass/Al and 
TiAl/Nb composites were in good agreement with the theoretical predictions, but the 
measured values for WC/Co and A120 3 /Al composites did not fall within the range of the 
model predictions.
In comparison to the results of these small scale bridging analyses, the large strain 
necking analysis of Krstic (1983) revealed that the traction stress exerted by a deforming 
plastic ligament decreases as the crack opens due to the decrease in elastic constraint of 
the matrix. This study compared the mechanical strain energy release rate, GIC, of a 
glass/aluminium composite (based on the assumption that the aluminium ligaments 
fracture under uniaxial tension) with the GIC value of constrained aluminium. The result 
was that the unconstrained value overestimated the toughness by a factor of 3 (assuming 
a volume fraction of aluminium of 20%).
The use of standard fracture toughness models to determine the fracture 
toughness of a material requires a knowledge of the scale of bridging which will occur in 
the material. Zok and Horn (1989) studied the effect of large scale bridging (relative to 
the specimen and crack dimensions) on the measured fracture toughness values of three 
types of specimens; namely LAS glass reinforced with SiC (Nicalon™) fibres, 
polymethylmethaciylate/Al and Al2CyAlMg. The measurements were obtained using 
standard fracture toughness equations developed for small-scale bridging conditions which 
had to be modified to allow for large scale bridging in order to produce meaningful 
results. The results were then compared with theoretical predictions for the toughening 
due to ductile or fibre reinforcements. The experiments illustrated that in all cases, as the 
crack length grew to ca. 50% of the specimen width, the measured values of fracture
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toughness increased dramatically and deviated from the values predicted by small-scale 
bridging.
The above models have shown that the assumptions that are made to relate the 
stress strain behaviour of individual reinforcements to the stress displacement relations of 
Equations 2.16 and 2.17 can affect significantly the predictive properties of the particular 
model; in some cases these assumptions do not have a sound physical basis (Evans and 
McMeeking, 1986). It is therefore important to address all aspects of the ligament 
stretching phenomenon (small scale and large scale bridging). The studies which have 
attempted to achieve this are discussed in the next section.
2.5.4 Model Experiments
Approximate calculations which recognise the constraint of a particle have 
developed from the modelling in the small and large scale bridging regimes. These 
calculations have had the objective of calculating the nominal stress carried by the 
stretching particle f o r  a  g iv e n  c r a c k  o p e n in g , u, and relating this to the uniaxial stress-strain 
curve of the reinforcing material. The toughening increase, AG, may be written as:
This may be rewritten in a non-dimensional form scaled by the properties of the bridging 
ligament. The flow stress a0 is scaled with the uniaxial yield stress a y and u is scaled with 
the cross sectional radius of the ligaments, aQ, such that:
(2.20)
A G / f o y a 0 = % (2.21)
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where % is a ’work of rupture’ parameter that depends on the work hardening coefficient, 
n, the ductility of the reinforcement and on the extent of interface debonding, d. Values 
of % have been obtained both by calculation (e.g Budiansky e t  a l , 1988; Sigl e t  a l , 1988; 
Mataga, 1989; Horn, 1989) and by experiment (e.g. Ashby e t  a l , 1989, Cao e t  a l , 1989), 
based on determinations of the area under the stress/stretch curve for reinforcing 
ligaments (Figure 2.8). The experimental methods for determining the work of rupture 
will now be discussed.
The work of rupture experiments use a testing configuration which consists of a 
cylindrical ductile wire bonded inside a cylindrical tube of stiff, brittle material (Figure 
2.9). The specimen is tested in tension after notching a crack towards the ductile/brittle 
interface. The first group of workers to conduct these types of experiment was Ashby e t  
a l  (1989). These workers studied the model system of a constrained lead wire in a glass 
matrix. Uniaxial tensile tests of these cylinders showed that four types of failure 
mechanisms occurred, depending on the constraint of the glass on the lead wire:
(i) The ductile wire necked plastically to zero forming two conical peaks, without 
interfacial debonding, cavitation of the lead or matrix fracture.
(ii) A single internal cavity nucleated and grew radially outwards, leaving a cylindrical 
ligament which eventually failed.
(iii) Partial debonding of a weak lead-glass bond occurred allowing a less constrained 
’gauge length’ of lead to neck down at a lower stress but with greater elongation.
(iv) Brittle fracture of the matrix occurred which freed a length of lead form the glass, 
giving a longer gauge length as with the previous case.
The flow strength of the wire depended on which of these failure mechanisms was 
predominant.
Results from these experiments were plotted on a work of rupture, %, versus u*/a0 
curve (Figure 2.10). This curve showed that the maximum displacement of the wire at 
failure increases linearly with the work of rupture. This linear relationship indicates the
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Figure 2.8 Schematic plot of the non-dimensional stress versus stretch behaviour of 
a typical ligament. The work of rupture, %, is governed by the area underneath this curve. 
[Redrawn after Mataga, 1989].
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Figure 2.9 Schematic illustration of the experimental testing configuration devised by 
Ashby e t  a l  (1989).
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Normalised Plastic Stretch u*/ a0
Figure 2.10 The normalised energy of fracture plotted against maximum displacement 
at failure for constrained lead wires. [Redrawn after Ashby e t  a l , 1989].
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possibility of an infinite gauge length of ductile material. Whilst this is effectively true 
when testing a lead wire, it is highly unlikely that this will occur when considering a 
constrained spherical particle. An experiment that was undertaken to test a lead ball in 
glass is outlined in Appendix I.
Cao e t  a l  (1989), used the same specimen configuration as for the lead/glass 
experiments of Ashby e t  a l  (1989). The ductile materials used were Nb and TiNb wires 
which were hot isostatically pressed (HIPed) into cylinders of y-TiAl. These specimens 
were tested in uniaxial tension after notching a crack towards the interface. Three 
different notch geometries were used. Stress displacement curves were plotted and the 
work of rupture results were compared with those of Ashby e t  a l  (1989). Tests performed 
on specimens containing TiNb wires produced similar results to unconstrained wires due 
to extensive matrix failure near the notch. This effectively lowered the constraint on the 
wire. The tests performed on the specimens containing Nb wires with one particular 
notch geometry produced work of rupture values similar to those obtained by Ashby e t  
a l  (1989). This observation highlights the sensitivity of the work of rupture values to the 
cylinder pre-cracking technique.
Deve e t  a l  (1990), studied the effects of reinforcement debonding and work 
hardening on ductile reinforcement toughening of y-TiAl. The ductile materials used 
were Nb and TiNb. A specimen configuration based on a plane strain laminate geometry 
was produced by diffusion bonding the reinforcement phase to TiAl plates. Interfacial 
strengths were varied by sputter coating a layer of A120 3 or Y20 3 onto the reinforcement 
before bonding. These specimens were tested in uniaxial tension and graphs plotted of 
o/o0 versus u/a0. The area under these curves gave the work of rupture.
For the specimens reinforced with Nb, the stretch at rupture, u*, was observed to 
be linearly proportional to the debond length. The work of rupture values were observed 
also to increase with debond length. The behaviour of the specimens reinforced with
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TiNb changed depending on the degree of interfacial bonding. For the specimens with 
weak interfaces there was extensive debonding, on the same scale as for unconstrained 
TiNb. With the specimens in which the TiNb was bonded to the y-TiAl, there was only 
slight debonding prior to failure which, in comparison to the former case, produced a 
lower elongation at failure but an increased peak stress. No effect on the work of rupture 
as a function of the debonding was observed in these specimens. A theoretical expression 
for the work of rupture was obtained by representing the stress-strain curve by a power 
law and expressing the rupture strain as the displacement divided by the debond length. 
The resulting equation for the work of rupture compared well with the experimental 
results.
It has been recognised by several authors, that this type of test configuration can 
only be partially utilised to give a composite fracture toughness. This is because of the 
possible KR-curve behaviour and large scale bridging issues (which become accentuated 
as the debond length increases) in such materials (e.g. Zok and Horn, 1989). Also, these 
test configurations are akin to a crack intercepting a particle at its central plane. Whilst 
the ductile wire always has the p o t e n t i a l  for full plastic stretch, within a particulate 
composite, this equatorial situation would only occur in a small percentage of cases. 
Cracks would be able to intercept a particle at any point between its midpoint and its 
’poles’. Subsequently, this varies the potential that each particle has for plastic stretching.
Despite these minor ’shortcomings’, studies have progressed using this testing 
configuration in conjunction with TEM studies of the interface (e.g. Xiao & Abbaschian, 
1992 and 1993) in order to gain a better understanding of interfacial properties and their 
effect on the fracture toughness of the composite (see section 4.2). The basic non- 
dimensional solution (Equation 2.23) can be used both to rationalise toughness 
measurements and to develop a predictive capability. The yield stress and strain 
hardening exponent can be inferred either from a TEM characterisation of the 
microstructure (e.g. Flinn e t  a l, 1989) or from microhardness measurements (e.g. Elliot
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e t  a l , 1988). Parameters such as the area fraction and radius of ductile phase, the critical 
plastic stretch and the debond length can be determined by quantitative SEM of the 
fracture surface. Estimates of the ductility can be obtained also from SEM measurements 
of the plastic stretch (Flinn e t  a l , 1989).
The comparison between theory and experiment is made possible by taking stereo 
measurements of failed ligaments using the SEM (e.g. Stiiwe, 1980; Poech, 1992). In the 
study of Flinn e t  a l  (1989), the normalised plastic stretch, u*/a0 was found to vary 
appreciably between ligaments (in the range u7a0* 0.8 to 2.8). However, there was no 
dependence of this value on either the ligament dimension aQ or the aspect ratio. All 
ligaments were therefore used to provide an average stretch of ao»1.6. The debond 
length was found also to have to have appreciable variability. The average value of aQ 
was then incorporated into a re-expression of Equation 2.21:
AGC=/°AX(«7a)
and the value of AG0 compared with the experimentally determined value of 150-200 J m'2 
(Sigl e t  a l, 1988). This equation produced values of AGC in the range 170-300 J m'2 which 
shows acceptable agreement.
Sun (1993), however, has disputed the predictive capabilities of Equation 2.22. 
It was commented that the reinforcement size distribution within a material should be 
considered. Equation 2.21 will only predict the toughening increment if the particles 
within the composite are the same size and it seriously u n d e r e s t im a te s  this increment if the 
particles have a large range of sizes. Equation 2.22 is not a suitable model because it 
incorporates an average particle size and ignores the particle size distribution. A modified 
form of Equation 2.22 was derived using an effective particle radius, Reff:
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AGc = f ° y  R eff1  (« */a o> (2‘23^
Application of Equation 2.21 to an alumina/nickel composite showed that without the 
particle size distribution being taken into account, the predicted AGC value underestimated 
the toughening increment by ca. 4 times when compared to the prediction of Equation 
2.23 on the same material.
The former example shows that care must be taken to recognise the limitations 
of any mathematical models developed to describe a material parameter. Use of such 
models in a predictive manner for design purposes without an appreciation of their 
limitations may lead to erroneous results.
2.5.5 Design Charts
2.5.5.1 Introduction
The theoretical and experimental models mentioned in previous sections have 
attempted to describe the toughening mechanisms in ductile particle reinforced CMCs. 
In most cases, however, the models could only be applied to specific CMC systems. This 
shortcoming may be overcome if a model is incorporated into the more generic process 
of microstructural tailoring. The following sections describe the process of microstructural 
tailoring and describe also how this process can be used, through design charts, to predict 
the behaviour of ductile particle reinforced CMCs.
2.5.5.2 Microstructural Tailoring
Figure 2.11 illustrates the ’closed-loop’ relationship between the various activities 
involved in microstructural tailoring. This methodology involves primarily the
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Figure 2.11 Flow chart illustrating the interrelation between the various activities 
involved in the microstructural tailoring of the mechanical properties of ceramics, 
[redrawn after Padture, 1991].
Chapter 2 : Literature Review
characterisation of a fabricated microstructure. If a mechanical property such as KR-curve 
behaviour is considered, it can be evaluated in terms of the characterised microstructure, 
preferably by use of an i n  s i t u  testing technique, which allows toughening mechanisms to 
be observed directly. The next step involves the modelling of the toughening mechanisms 
in terms of theoretical fracture mechanics. Such models can then be used to derive 
pertinent materials/microstructnral parameters from the experimental data. One may then 
predict, using this ’calibrated’ model, how the mechanical properties will be affected by 
changes in selected microstructural parameters. Models for different design criteria (for 
example fracture toughness and strength) can then be combined to form of a design chart. 
Such design charts can then he used to direct the processing strategy to fabricate the 
model ceramic microstructres with desired mechanical properties. This is veiy much an 
iterative process and can he ’fine tuned’ to carry out effective microstructural design of 
CMCs.
2.5.5.3 Basis For a Strength/Toughness Design Chart
Sections 2.5.3 and 2.5.4 have outlined the developments of small scale and large 
scale bridging models. It has already been stated, however, that the application of small 
scale bridging models to large scale bridging experiments leads to erroneous fracture 
toughness values (Zok and Horn, 1989). These errors occur because small scale bridging 
models assume that the propagating crack profile is unchanged by the bridging 
mechanisms, T^ . Whilst all evidence implies that T0 is an intrinsic material property, this 
is not the case for Tp. If the length of the bridging zone in a material becomes 
comparable to any of the dimensions of the specimen (including the dimensions of any 
initiating notch), then Tp depends strongly on the specimen size and shape (Cox, 1991). 
This is because the bridging tractions, a (and therefore T(1), depend in general on the 
crack opening displacement, u. This crack opening displacement is different for cracks 
of the same length in specimens of different shape. It is clear also that Tp can be 
substantially different for two different distributions of load that generate identical values
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of Ka in the same specimen.
Extensive computations of the mechanics of bridged'cracks (Cox and Marshall, 
1991; Cox and Lo, 1992a,b) have indicated that the fundamental property of a composite 
is the force opening curve of the bridging ligaments- the a(u) curve. This curve depends 
directly on the detail of the bridging mechanisms discussed in § 2.5.3. It is, however, 
usually impossible to measure the bridging tractions directly, so it is convenient to discuss 
the effects in terms of the KR-curve, which is measured more easily.
Bannister e t  a l  (1992), have developed design charts using the constitutive bridging 
traction law shown below:
where <jmax and u* are limiting values of the bridging stress and the crack opening 
respectively, and m is an exponent where m=l can be shown analytically to correspond 
to frictional fibre pull-out by assuming constant pull-out length (=u*) and constant shear 
strength at the fibre-matrix interface (Evans e t  a l , 1977). This value of m was used by 
Bannister e t  a l  (1992) to develop design charts based on a lead glass composite. With 
such a composite, the bridging mechanism is unlikely to be described by frictional pull-out. 
A value of m=2 has been derived empirically for steel fibre reinforced cement based 
composites (Hseuh and Becher, 1988). Use of this m=2 value by Bannister e t  a l  (1992), 
may have been a better approximation for the lead/glass composite bridging behaviour as 
it leads to a lower normalised bridging stress for a given crack opening displacement than 
the same curve for a bridging fibre. The effect of debond length on omax and u* were 
obtained from earlier work by the same authors (Bannister and Ashby, 1991).
(2.24)
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2.5.5.4 Predictive Use of a Strength/ Toughness Design. Chart
Examples of the design charts developed by Bannister e t  a l  (1992) are shown for 
two different initial notch lengths in a centre cracked plate in Figure 2.12. Each chart 
considers the ratio of bridged to unbridged tensile fracture strengths (obf /at) and bridged 
to unbridged fracture toughness (T/T0). The charts show that, in general, the conditions 
which maximise of do not maximise T and vice versa.
A few of the most salient features of these charts will now be highlighted. Both 
T and <jf increase with particle size, a0. For a given particle size, T increases with debond 
length Ld. This is to be expected as debonding reduces matrix constraint and allows a 
greater volume of ductile material to deform plastically. Considering af, there is an 
optimal debond length at which af is maximised. This debond length increases with the 
initial crack length, c0, and decreases with particle size.
The two charts shown in Figure 2.12 highlight the marked difference in material 
response when the initial notch length is changed. By use of the correct chart for a 
specific specimen, it is possible to select the best material microstructure to maximise the 
strength or toughness in a given mode of loading.
2.6 CONCLUDING REMARKS
The prediction and subsequent design of materials which have a high fracture 
toughness is still in its formative stages. Some important indications, however, are 
provided by the previous sections.
(i) The incorporation of ductile particles into a brittle matrix produces a tougher 
composite than the parent matrix.
(ii) The toughening mechanism derives from a process zone of intact ductile ligaments 
in the wake of the propagating crack. Phenomena such as particle-matrix interfacial bond
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Figure 2.12 Plots ol' the normalised fracture toughness versus normalised bridging 
traction stress design charts for lead glass composites, (a) Initial specimen notch length 
of 1 mm and (b) Initial specimen notch length of 100 mm.
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strength, volume fraction and size of ductile phase all affect strongly the formation of
the process zone and, therefore, the fracture toughness of the composite.
(iii) The behaviour of stretching ligaments can be observed by in-situ testing 
techniques. Knowledge of this bridging traction behaviour allows models to be developed 
which, through the formulation of design charts, can be used as a predictive tool for the 
behaviour of the toughening effect of ductile particles in a brittle matrix.
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3. MATERIALS AND EXPERIMENTAL TECHNIQUES
3.1 INTRODUCTION
This chapter introduces the starting materials used in the present research and 
outlines the processing methods used to fabricate composites from these materials. This 
is followed by a description of the techniques employed for microstructural 
characterisation, and mechanical testing of these composites.
3.2 MATERIALS
The ductile particle reinforced composite of interest is an alumina matrix, 
reinforced with iron particles. The alumina powder used was AKP-30 from Sumitomo 
Chemical Company, Japan. The manufacturing specifications state that it has a particle 
size in the region of 0.4 |im and a very narrow particle size distribution. One of the main 
advantages of this powder is its reactivity which has enabled full densification to be 
reached by sintering at relatively low temperatures. Some of the data supplied by the 
manufacturers are shown in Table 3.1.
Table 3.1 : Some Properties of Sumitomo AKP-30 Alumina Powder
Powder Form Irregular
Purity >99.99%
Average Particle Size 0.3-0.5 |rm
Crystal Structure Hexagonal (a)
Moisture Loss at 150°C <0.2%
Moisture Loss on Ignition at 1000°C <0.4%
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The iron powder was supplied by H. C. Starck, Dusseldorf. It has an average 
particle size of 8 pm and a purity of 99.99% according to manufacturers specifications. 
Typical micrographs of both the iron and alumina powders are shown in Figure 3.1.
3.3 POWDER PROCESSING
3.3.1 Introduction
The processing of ceramic materials involves powder preparation, powder 
consolidation and finally a high temperature densification step (sintering, hot pressing or 
hot isostatic pressing). The next few sections will outline the processing techniques 
pertaining to the formation of alumina/iron composites.
3.3.2 Powder Preparation
3.3.2.1 Processing Routes
This research concerns the study of a two phase material, and in this respect, the 
powder preparation stage is paramount in determining the microstructure of the final 
composite. Flow charts for the processing routes to be discussed are shown in Figure 3.2.
3.3.2.2 Network Microstructure
Composite powders were mixed to give 20% by volume of iron (taking the 
theoretical densities as 3980 kg m'3 for alumina and 7860 kg m'3 for iron from the Nuffield 
Book of Data, 1984) and then dry milled in polypropylene bottles for 4 hours to ensure 
thorough mixing. As the particle size of the alumina was so small, it was most likely that 
they were in large agglomerations in the as-received state. Consequently, to assist in the 
break-up of these agglomerations, small cylindrical alumina milling media (cylpebs) were
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Figure 3.1 Scanning electron photomicrograph of (a) Iron and (b) Alumina as- 
received powders.
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Figure 3.2 Flow chart showing the fabrication routes for Composites A and B.
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added to the blend to aid the mixing process.
3.3.2.3 Discrete Microstructure
For a more even distribution of iron in alumina it was necessary to alter the 
powder processing route. Powders were mixed in the same proportions as in § 3.3.2.2, but 
in order to alleviate the problem of alumina agglomerations, isopropanol (ca. 200 ml) was 
added to the blend to make a sluny. This slurry was milled for 8 horns and then poured 
into a plastic tray. This tray was placed in a drying oven at a temperature of 30°C and left 
for 12 hours. The resultant dried powder was then crushed with a porcelain pestle to give 
an assortment of powder blend agglomerations, each agglomeration containing a discrete 
distribution of iron particles in alumina.
An additional feature of this ’wet route’ is that it can effectively be used to tailor 
the size of the alumina agglomerations present in a powder blend. By milling the pure 
alumina powder in isopropanol and then drying, the resultant crushed agglomerations can 
be sized by preferentially sieving. Addition of iron particles to these sized agglomerations 
and dry milling then produces tailored powder blends. This technique has been employed 
with success (see Chapter 7).
3.4 POWDER CONSOLIDATION AND COMPOSITE FABRICATION
3.4.1 Introduction
Several powder consolidation techniques were employed; uniaxial cold pressing, 
cold isostatic processing (CIPing), sintering and uniaxial hot pressing. The latter 
technique was the preferred route for these composites due to several reasons which will 
be outlined in a later section (§ 4.3.1.2)
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3.4.2 Cold Isostatic Pressing and Sintering
3.4.2.1 As-milled Powder Blends
25 g batches of the powder blends were placed in a cylindrical steel die (25 mm 
diameter) and uniaxially pressed under a low pressure (5 MPa). This billet was then 
placed in two latex sheaths (Durex™, The London Rubber Company) and cold 
isostatically pressed at a pressure of 200 MPa for 4 minutes (Weber 200E). This 
secondary pressing served to increase the green body density and reduce any densification 
variations imparted by the uniaxial cold pressing. A reduction in billet size from 25 mm 
diameter to 22 mm occurred.
Sintering of these pellets was undertaken in a vacuum furnace (Torvac Ltd, 
Cambridge) under an atmospheric pressure of 10'5 Torr with a heating rate of 5°C per 
minute. Samples were heated to 1500°C and held at temperature for 60 minutes, after 
which time they were allowed to furnace cool to room temperature.
3.4.2.2 Variation of Oxygen Content
In order to assess the effect of an oxygen distribution in these alumina/iron 
composites (see § 4.2.1.2), a specimen was fabricated from a powder blend which had 
been heat treated in air at 600°C for 30 minutes to partially oxidise the iron particles 
(FeO is the oxide which forms under these conditions). The blend was then cold 
isostatically pressed and then sintered at 1500°C for 1 hour in a graphite powder bed. 
This powder bed created a reducing atmosphere with, it is assumed, an oxygen partial 
pressure which is below the value required to form spinel at this temperature. Reduction 
of any iron oxide will occur also depending on how much of this reducing environment 
penetrates into the specimen. Therefore, it was expected that a gradient of oxygen partial 
pressur e would exist in the specimen, with a reducing environment at the edges to a more
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oxidising environment at the centre. If there were any microstructural changes due to 
oxygen partial pressure, then they could be obseived by scanning electron microscopy (§ 
3.5.4) and any resultant phases could he analysed using electron probe micro analysis (§ 
3.5.7). It was envisaged that at some point in the microstructure, the oxygen partial 
pressure conditions would be adequate to produce iron particles with a thin layer of spinel 
bonded to the iron and alumina.
3.4.3 Hot Pressing
25 g batches of the powder blends were placed in a cylindrical graphite die of 
internal diameter 25 mm and heated to a temperature of 1400°C at a rate of 20°C per 
minute. The die was prevented from oxidising by an inert argon atmosphere. At 
temperature, a uniaxial pressure of 25 MPa was applied. Both pressure and temperature 
were held for a period of 30 minutes and then the whole configuration was left to cool 
to room temperature. A schematic of the hot press is shown in Figure 3.3.
3.5 MATERIAL CHARACTERISATION
3.5.1 Introduction
Characterisation of the composite materials was undertaken by conventional 
density measurements and the use of X-ray diffractometiy (XRD), reflected light 
microscopy (RLM), scanning electron microscopy (SEM), transmission electron 
microscopy (TEM), electron probe microanalysis (EPMA) and confocal laser scanning 
microscopy (CLSM) techniques.
3.5.2 Density Measurement
The bulk density of each composite was measured using Archimedes’ principle.
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Figure 33 Schematic illustration of the hot press configuration.
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Hie sintered and hot pressed specimens were lightly abraded after high temperature 
treatment to remove the outermost skin which is unlikely to be representative of the bulk 
material. The specimens were weighed in air and then weighed in water. The density was 
calculated using the following equation:
p = (3.1)
where ps is the density of the specimen, Ws is the weight of the specimen, pw is the 
density of water and AWS is the difference in weight of the specimen before and after its 
immersion in water.
3.5.3 Specimen Preparation
Cross sections of composite specimens were obtained by sectioning with a diamond 
saw (Struers) parallel to the direction of pressing. The sections were then mounted in 
bakelite and successively ground with 125 pm, 75 pm, 20 pm and 10 pm diamond wheels 
(Struers) using water as the lubricant. This was followed by successive polishing on cloths 
(Struers Dur) impregnated with diamond slurries of 6 pm, 3 pm and 1 pm. All the 
grinding and polishing was performed on an automatic polishing machine (Planopol-2) 
with typical polishing times of 5 minutes for each diamond sluriy.
3.5.4 Preliminary Microscopy
A general microstructural record of the materials produced was obtained using 
reflected light microscopy (Zeiss Axiophot). Observation by SEM (Cambridge Stereoscan 
S100 operating at 15 keV with a Pixie 8 framestore device) was performed after an initial 
sputter coating of Au-Pd using an Edwards S150B coating unit with a current of 20 mA
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and a potential of 1 kV for 2 minutes. The scanning electron microscope was used in 
conjunction with a Cambridge Instruments Q970 Quantimet image analyser which was 
used to give an indication of particle size, particle distribution and porosity.
3.5.5 X-Ray Diffractometry
Polished specimens were prepared for phase identification via XRD by being 
mounted in a Philips X-ray Diffractometer and irradiated with Cu Ka radiation. The 
range of scan angle (20) was between 120° and 20° and a scan rate of 2° per minute was 
used. The resulting reflections were indexed from the data produced by the Joint 
Committee for Powder Diffraction Standards.
3.5.6 Transmission Electron Microscopy
Sections of composite material (20 mm x 12 mm x 0.5 mm) were cut with a 
diamond saw on a Struers Accutom and attached to glass slides with mounting wax. These 
sections were then ground to «200 pm thickness. 3 mm discs were cut from these sections 
using a coring drill (Testbourne Servodrill). The centres of the discs were dimpled from 
one side to a final thickness of 20 pm using a VCR Dimpler model D500 and 6 pm grade 
diamond paste. Thinning to perforation was achieved by argon-ion bombardment in a 
Gatan Duomill 600 series operating at 5 kV with an angle of incidence of 11° until 
perforation. Such a low angle was employed in order to reduce preferential thinning of 
the iron phase. All the thin foils were subsequently coated with amorphous carbon 
(Edwards 306 coating unit), demagnetised to reduce astigmatism and observed in a 
transmission electron microscope (Philips Electronic Instruments EM 400T) at an 
accelerating voltage of 120 kV. The on-line Link Analytical electron diffraction pattern 
analysis program was also used in order to identify any iron/alumina/carbon compounds 
which may have formed during processing.
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3.5.1 Electron Probe Micro Analysis (EPMA)
EPMA was incorporated using a JEOL 8600 Superprobe. This consisted of a 
scanning electron microscope with quantitative energy dispersive system (EDS) plus 
wavelength dispersive system (WDS) with 4 crystal spectrometers. This system was used 
to analyse the distribution of elements in the composite specimen fabricated from a pre­
heat treated powder blend (see § 3.4.2.2).
3.5.8 Electron Energy Loss Spectroscopy (EELS)
EELS measurements were performed on VG HB501 dedicated scanning 
transmission electron microscope (STEM) fitted with a field emission gun and equipped 
with a Gatan 666 parallel EELS (PEELS) spectrometer and recording system. The 
microscope was operated at 100 keV with a beam current of 0.5 nA. The beam diameter 
at the specimen was less than 1 nm and the spectra were acquired using the reduced area 
imaging mode at magnifications between 1 and 10 million times.
Spectra were taken with the beam positioned both on and beside the interface 
(both in the alumina and in the iron regions). Interface contributions were extracted from 
background subtracted spectra by using a difference technique pioneered by J Bruley. 
Compositional profiles across interfaces were also taken by recording individual spectra 
using the spot mode at spatial intervals of between 0.5 and 2 nm across the regions of 
interest followed by the integration of areas under the relevant edges. The edges 
recorded were aluminium L^-edge at ca. 78 eV, oxygen K-edge at ca. 530 eV and iron 
L^-edge at ca. 710 eV.
These experiments were performed under the supervision of Dr. Rik Brydson, Dr. 
J Bruley and Dr. H Muellejans at the Max Planck Institute, Stuttgart.
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3.5.9 Confocal Laser Scanning Microscopy (CLSM)
The basic principles of CLSM are described in Appendix II. This technique was 
applied to the hot pressed composite specimens using either the 633 nm laser light source 
for depth penetration or the 488 nm laser for high resolution surface images. The 633 
nm laser allowed images of the composites to be taken from depths of up to 20 pm from 
the top surface without any gross laser attenuation. All z-section images were displayed 
as colour height maps and all high resolution surface images were displayed using the 
extended focus feature.
3.6 MECHANICAL TESTING
3.6.1 Introduction
The main mechanical properties of interest for these materials were the hardness 
and fracture toughness of each composite. The following section begins with a brief 
overview of the literature pertaining to three toughness testing techniques namely 
indentation, double cantilever beam (DCB) and double torsion (DT). This is followed by 
a description of the experimental methods employed in the use of these techniques. The 
experimental methods all rely on the observation of a crack as it propagates through a 
material. Techniques which were employed to aid the observation of propagating cracks 
are emphasised also.
3.6.2 Hardness and Indentation Fracture Toughness
3.6.2.1 Original Experiments
The physical significance of the hardness of a material was analysed as early as 
1881 by Hertz. He studied the elastic contact between two curved glass bodies and
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described the cone-shaped crack that formed around the contact circle above the critical 
load. Frank & Lawn (1967) applied modern-day fracture mechanics to the Hertzian cone 
crack system by indenting flat glass specimens with a blunt spherical indenter. The main 
problem with this technique, however, was that the resultant cone shaped crack front lay 
directly underneath the indentation point and limited direct observation of the crack 
system, even with such transparent materials.
More common in current indentation fracture is the use of the ’sharp’ indenter 
which, provided the load is above a critical value, leaves a plastic residual impression on 
the material surface. If the loading is sufficiently high, then one or more crack systems 
may result.
3.6.2.2 Crack systems on indenting
The loading sequence consists of a crack initiation stage where cracks begin from 
’flaws’ either pre-existing in the material or induced by the indentation process itself, and 
a propagation stage where initiated cracks take a specific path and grow to a specific 
extent. A typical loading sequence is shown in Figure 3.4.
In (a) of Figure 3.4, the sharp point of the indenter has produced a plastic 
deformation zone. At a threshold load, stress induced flaws directly below the indenter 
develop into ’median’ or ’penny’ cracks (on account of their shape) which form on planes 
parallel to the loading axis known as tensile median planes. These cracks may develop 
as loading progresses and propagate incrementally downward into a median crack. This 
takes the form of a circular segment which propagates below the plastic deformation zone 
on a plane parallel to the contact axis. Radial cracks may form also which emanate from 
the apices of the indentation, move parallel to the contact axis and are close to the 
surface.
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Figure 3.4 Schematic illustration of the evolution of radial-lateral crack system during 
a complete load (+) and unload (-) cycle: Median cracks form during the loading half­
cycle and lateral cracks during the unloading half-cycle. The dark areas represent the 
plastic deformation zones from the boundaries of which the cracks initiate. Each stage 
of the cycle (a to f) is described in the text. [Redrawn after Lawn and Swain, 1975].
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More common in brittle materials is the half-penny crack system which is a 
combination of the median and radial types. This system has been studied by many 
workers in an attempt to model the crack propagation stage (e.g Lawn and Swain, 1975; 
Lawn e t  a l, 1980; Marshall e t  a l , 1982; Yoffe, 1982).
As an example, the model of Lawn e t  a l  (1980) will be discussed. This model 
separated the stress fields associated with the median-radial system into an ’elastic’ and 
’residual’ component. It could then be used to describe the conditions for the formation 
of either the median, radial or both systems. When a material has elastic and residual 
components of comparable magnitude (i.e. soda lime glass) the elastic component was 
found to enhance crack growth in the median orientation and in so doing restrained 
growth in the surface radial orientation. For materials where the residual component is 
greater than the elastic (e.g. WC-Co composites), the formation of radial cracks is 
favoured at the expense of the median system. It is often unclear, however, as to whether 
the half-penny system is formed by median growth towards the surface, radial propagation 
downward, or the coalescence of the two systems. It is interesting to note that the median 
crack system has only been observed in soda-lime glass and there are serious doubts as to 
its existence in any other material (Cook & Pharr, 1990).
On unloading the indenter, lateral cracks may develop at the base of the plastic 
deformation zone which then spread out laterally on a plane closely parallel to the 
specimen surface. The driving force for lateral crack propagation is the residual tensile 
stress in this region. The stress analysis of Yoffe (1982) showed that these residual tensile 
stresses are far greater than any of the stresses associated with the median or radial 
systems, hence, the energy available for lateral crack formation exceeds the driving force 
associated with halfpenny and radial cracks. In extreme cases, these laterals can grow up 
to the surface of the material and lead to material removal. Hence, they play an 
important role in the study of such material removal processes as solid particle erosion 
and abrasive wear.
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There are two major variations on the crack systems discussed above, namely 
secondary radials and shallow lateral cracks (characterised by Cook & Pharr, 1990), both 
of which propagate from the edge of the contact impression.
The type of crack associated with a given indentation may be one or more of the 
above systems. The resultant crack system depends on the material, environment, peak 
contact load and loading rate. Cook & Pharr, (1990) investigated the material 
dependence of the crack system and the sequence of formation of each system and 
deduced that both are a function of the E/H ratio of the material, where E is Young’s 
modulus and H is hardness. A material like soda-lime glass with a E/H ratio at the low 
end of the range for most brittle materials was shown to crack in a very different way in 
morphology and sequence to the majority of brittle materials.
3.6.2.3 Indentation Fracture Toughness Testing
The fracture toughness of a brittle material can be determined by indentation if 
the median-radial system forms. By measuring the length of the surface traces of the 
cracks emanating from the apices of the impression and the diagonals of the impression, 
a fracture toughness value KIND can be obtained. This value is commonly equated to KIC 
although there is some controversy over the feasibility of a mode I failure on indentation. 
This technique was popularised by Evans & Charles (1976) who made a direct comparison 
between the indentation cracking behaviour of various ceramic materials and their fracture 
toughness values when tested by the DT technique. A calibration graph was constructed 
and from this they were able to derive an empirical indentation fracture toughness 
equation.
Many other attempts have been made since then to determine equations which 
relate fracture toughness to the crack length and indentation size and most of these 
equations are found in two comprehensive reviews by Ponton & Rawlings (1989a, 1989b).
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The measurement of fracture toughness by this method is employed because it is quick 
and easy to perform, variations in toughness across a specimen can be deduced, it can give 
a relative ranking from one material to the next and it can be used on smaller specimens 
than required for more conventional forms of fracture toughness determination. The 
existence of so many fracture toughness equations, however, highlights the first 
disadvantage with this testing technique; i.e. the results are equation specific (e.g. Moussa 
e t  a l , 1982; Breval e t  a l, 1985).
Another disadvantage with the technique is that on indenting, an overstress is 
being applied to the material. Hence, the stress intensity factor begins at a value which 
is much higher than the critical stress intensity factor and decreases as the crack grows 
until the K1ND value of the material is attained. The critical stress intensity factor, is 
therefore approached from the opposite direction to that in conventional toughness 
testing. In severe cases, the momentum of the crack may be enough to cause it to 
overshoot this critical stress intensity factor point leading to longer cracks, and misleading 
fracture toughness values. Conversely, for a material which exhibits rising crack growth 
resistance, the toughness as measured by the Vickers indentation technique will be less 
than that measured by techniques in which the crack lengths reach the order of 
millimetres due to the lack of development of a complete process zone.
The development of indentation as a material property measurement technique 
has been shown to be adequate for specific systems. The lack of generality in indentation 
cracking behaviour, however, highlights the ’material dependent’ nature of the test. In 
view of this fact, any indentation results which are obtained for a material are to be 
treated with extreme caution (Lawn, 1993b).
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3.6.3 Experimental Methods
3.6.3.1 Hardness
Twenty 20 kg indentations were made at random on polished sections of pure 
alumina and each composite system using a Vickers pyramid diamond hardness testing 
machine. The length of the diagonals of each indentation were measured and an average 
value recorded. Adjacent indentation centres were positioned at least ten diagonal lengths 
distance apart and no closer than this to the sample edge. This was to ensure that the 
elastic-plastic stress field generated by an indentation was not affected by the stress field 
of any neighbouring indentations or by adjacent free surfaces. The Vickers hardness 
equation employed is defined as:
#  = i854A P ( 3 2 )
where P is the load in grammes and d is the length of the indentation diagonal in pm. 
It should be noted at this point that all references to indentation loads will be in kg. It 
is recognised, however, that the more precise unit is kgf.
3.6.3.2 Indentation Fracture Toughness
The length of the radial cracks formed on indenting the specimens in § 3.6.3.1 
were measured and averaged for each specimen. This length was subsequently 
incorporated into the universal formula of Liang e t  a l  (1990) for fracture toughness 
determination by indentation. This formula was used, as opposed to the many other 
available equations, to overcome the difficulty of calculating the fracture toughness for a 
material with possibly non-idealised indentation crack systems. The formula is as follows:
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(Kj cb)
H a *
H_  
E tJ)
0.4 (c/18a)-1.51 (3.3)
where c is the radial crack length, a is the indentation diagonal half width, H is the 
Vickers hardness and $  is a constraint factor, a is a variable dependent on the Poisson’s 
ratio of the material and is given by:
a = 14
/4v -0.5V 
1-8 c
1 +vc / J
(3.4)
Poisson’s ratio for the composite, vc, has been calculated using the rule of mixture given 
below:
v v + f  v (3.5)
c  J p  p  J  tii m  v  '
and the Young’s modulus was calculated using the mechanics of materials approach which 
considers uniformly distributed cubic particles within a matrix:
(3
E„, EmHEp-Em) j f ( l f )
where f is the volume fraction and the subscripts m, p and c refer to the matrix, particle 
and composite respectively.
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3.6.4 Double Torsion and Double Cantilever Beam Development
3.6.4.1 Double Torsion
The original concept of the DT specimen is attributed to Outwater & Gerry 
(1966). A general DT specimen configuration is shown in Figure 3.5a and it consists of 
a plate which is partially cracked down the centre to form two beams. These beams are 
loaded in torsion via 4 point bending at the ends. When the load is sufficiently high, a 
crack will propagate through the specimen from the crack tip. The numerical analysis for 
the DT specimen is based on the assumption that all displacements are related to the 
torsional displacements of these two beams. This neglects, however, the possibility of 
either shear strains in the individual beams or flexure of the uncracked portion of the 
specimen.
There are several advantages that the DT test has over other fracture toughness 
testing techniques. The compliance of the DT specimen is linearly proportional to the 
crack length, hence the critical forces required for crack propagation are independent of 
crack length. The test also has the advantages of a relatively simple specimen geometry 
for ease of preparation and small specimen size even for long crack lengths so only small 
forces are involved.
Experiments using the DT specimen have indicated that the crack profile is not 
straight through the specimen thickness, but extends further along the tensile side of the 
plate to form a curved crack front. (Figure 3.5b). Virkar and Gordon (1975) suggested 
that as slow crack growth occurs and the curved shape of the crack front does not change 
during propagation, then Kr must vary along the crack front (changing from Kr to K„). 
This variation has not been determined analytically due to the difficulty in measuring IQ 
along a crack front, but is thought to he sufficient enough to cause disagreement between 
workers.
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Figure 3.5 Schematic illustration of; (a) a typical double torsion specimen geometry 
and (b) the curved crack front profile through the double torsion specimen.
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3.6.4.2 Double Cantilever Beam
The general DCB configuration is shown in Figure 3.6. The technique assumes 
that the sample is symmetrical about the median plane and equivalent to a pair of 
opposed identical cantilever beams. The lengths of these beams change as the crack 
propagates.
Using simple beam theory, the bending force at the point of crack propagation is 
related to the increase in surface energy for an infinitesimal increment of crack length. 
It is assumed that the cantilever beams are built into a rigid support and therefore all 
elastic energy is contained in the crack length region. This assumption neglects any strain 
energy due to shear and the strain energy in the uncracked portion of the specimen (Gillis 
and Gilman, 1961).
For a uniform DCB specimen, the strain energy release rate is dependent on crack 
length. Use of a correctly tapered specimen (Mostovoy e t  a l, 1967) can cause the 
compliance to be independent of crack length, but the machining of such specimens is 
especially difficult as regards ceramic materials.
3.6.5 Experimental Methods
3.6.5.1 Double Torsion Specimen Configuration
A schematic of a typical DT specimen is shown in Figure 3.5a. The initial 
experimental specimen configuration for this test was a rectangular plate of dimensions 
22 mm in length, 12 mm wide and 2 mm thick. A groove was machined down the centre 
of the specimen parallel to the length axis to act as a guide for the crack. Other 
dimensions were W=9.5 mm, Wm=2 mm and bn=0.35 mm. The area of the specimen in 
which the crack was to grow was polished to a 1 pm grade finish using the procedure
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Figure 3.6 Schematic illustration of a traditional double cantilever beam specimen.
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described in § 3.5.3, and then gold coated for 1 minute. The testing of these materials 
was performed at Cambridge University Engineering Department using their DT rig which 
was placed inside a Cambridge Stereoscan S100 scanning electron microscope.
3.6.5.2 Double Cantilever Beam Specimen Configuration
The DCB testing technique has been developed ’in house’ to allow observations 
of crack particle interaction mechanisms. These mechanisms are important in determining 
the relationship between microstructure and fracture toughness.
The experimental DCB configuration is shown in Figure 3.7a. The initial 
experimental specimen configuration for this test was a rectangular plate of dimensions 
22 mm in length, 12 mm wide and 2 mm thick. The specimen was grooved on both sides 
(ca. 0.5 mm in depth) in order to guide the advancing crack and to retain the mode I 
opening of the traditional double cantilever beam specimen. In order to be able to 
observe the advancing crack, the groove was polished to a 1 jrm finish using several grades 
of diamond paste and an air tool fitted with a brass ring (10 mm diameter x 1 mm thick).
The loading of the DCB specimen was made possible by attaching brass end tags 
to one end of the specimen. Early tests with end tags attempted to affix the brass tags 
using a butt-joint configuration and a high temperature curing adhesive (Permabond ESP 
105T). The surface area of adhesive in contact with the specimen with this type of joint 
was limited to 10 mm2 per tag and was found to be inadequate as regards withstanding the 
loads in a typical test. The tag/specimen surface area was increased to 32 mm2 per tag by 
using a lap joint configuration. Figure 3.7b shows an example of an experimental 
specimen complete with the lap joint configuration end tags.
Before either the DT or the DCB tests could commence, a crack initiation point 
was required. This was achieved by machining a notch into the grooved portion of a
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specimen (notch thickness of 0.4 mm). The specimen was tilted in relation to the blade 
used to machine this notch so that an angled notch was cut. This tapered notch assisted 
in the crack initiation by supplying a thin wedge of material from which the crack could 
initiate and grow until it reached the full through-thickness of the specimen. This 
technique avoids the more time consuming indentation notching technique employed by 
Rodel e t  a l  (1990).
The first DCB tests performed were to assess the effect of the brass end tags. On 
loading a specimen, the size and shape of these tags could produce bending moments 
which would affect the load/crack measurements. A compliance test was performed by 
machining notches of different lengths into pure alumina specimens and measuring the
arm deflection, 25, and failure load, P, of the specimen. The experimental results could 
then be compared with a theoretical equation for compliance (based on a modification of 
Equation 3.11 which takes into account the ’T-shaped' cross-section of each arm).
3.6.5.3 The Straining Stage and Test Procedure
The ’in-situ’ testing of the DCB specimens was achieved through use of the 
straining stage shown in Figure 3.8. It was developed in the Mechanical Engineering 
Department of the University if Surrey by B. Schoenewald. It consists of three main 
components: the frame, the driving mechanism with the driven cross-head and the fixed 
cross-head with the load cell.
The frame is of lightweight construction with its mass centre near the observation 
range in the chamber of the scanning electron microscope. It holds all the other 
components of the straining stage and provides a working volume of 60 x 20 x 2 mm in 
which different test fixtures can be mounted (for mode I, mode II or mixed mode I and 
II).
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Figure 3.7 Schematic illustration and photomicrograph of the double cantilever beam
specimen configuration developed to evaluate the fracture toughness of ceramic 
specimens.
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Figure 3.8 Photomicrographs of the straining stage used for the i n  s i t u  testing of 
double cantilever beam specimens.
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The driving mechanism consists of a 12 V 1 A 2 phase DC stepping motor, a belt 
drive and a gear box. These control the cross-heads to give a maximum speed of 0.4 
mm/min. The other cross-head was fixed onto a load cell which had a maximum working 
load of 445 N. (A more detailed account of the straining stage configuration is provided 
by Schoenewald, 1991).
Other components of importance in connection with the straining stage were the 
motor controller and the data logging system (for logging the motor/cross-head speed and 
specimen load), see Figure 3.9. Both were designed around an Apple Macintosh SE 
microcomputer with a National Instruments Lab-SE card running a Lab View program. 
Computer software was written by G. Richardson of the Mechanical Engineering 
Department to control the motor, log and scale the data and provide a quick and 
convenient method of viewing the results.
A typical test procedure commenced by fixing a gold coated DCB specimen to the 
central fixture of the straining stage. The stage was positioned inside the chamber of the 
SEM in such a way as to optimise the working distance between the electron beam and 
the specimen (approximately 10 mm). On evacuating the chamber, the initial notch tip 
was positioned such that a crack could be followed as it grew horizontally from left to 
right. The specimen was loaded to the point of crack initiation at a cross-head speed of 
0.03 mm/min. This speed was used to reduce the probability of catastrophic failure via 
unstable crack propagation following Veldnis e t  a l  (1992). The crack opening and 
propagation were then monitored by stopping the motor after each crack propagation step 
and measuring the length of crack and the corresponding load. Any salient crack/particle 
interactions were also photographed throughout the test. The stop-start nature of the test 
gave a typical run-to-failure time of 1 hour (depending on the microstructure of the 
specimen).
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Figure 3.9 Schematic illustration of the components required to observe and log the 
results from a typical double cantilever beam testing run.
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3.6.5.4 KP-Curve Determination
After specimen failure, the results obtained were used to generate KR-curves. For 
the DT test, the fracture toughness value for each crack length and corresponding load 
was calculated using the following formula:
and x=2b/W. All other symbols are defined in Figure 3.5a.
For the DCB test, KR-curve data was calculated using a modified form of the 
equation developed for a standard test specimen which accounts for the central groove 
in the test specimen.
The standard DCB equation for an untapered beam is of the form:
(3.7)
where P is the load, u is Poisson’s ratio, £ is given by;
(3.8)
(3.9)
The following derivation is concerned with the first term of the equation which contains 
the variable b. Consider the grooved beam as shown in Figure 3.10, the equation for the
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Figure 3.10 Schematic illustration of a grooved double cantilever beam specimen. Note
the groove acts as a guide for the advancing crack.
Equation 3.11 uses the relationship for I, below, which assumes a rectangular cross-section
j_ bh3 
12
0
The Equation for the T-shaped cross-section present in the DCB specimens is shown 
below
12 12 " I  2
* + w - J h ± * - xT
— b„—
Where x is the neutral axis of the T-section.
Use of the Equation for I instead of I* approximates to an 11% error.
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deflection of the beam, 6, is:
g_ t2Pc3 (3.10)
3 E b h 3
Compliance of the beam, C,'is given by:
C=— = 8g3 (3.11)
P Ebh3
The strain energy release rate, G, for webbing bn is:
G = J L (3.12)
2 bn dc
Differentiating equation (3.11) gives:
dC _24c2 
dc Ebh3
Substituting for dC/dc in equation 3.12 gives:
Ebnbh-
(3.13)
10P2/>2
G = —  (3.14)
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K is related to G in plane stress by the equation:
(3.15)
Substituting for G gives:
K =  \ 2 P 2c 2 (3.16)
This equation for K gives the first term in the equation used to evaluate the toughness 
for a grooved, untapered specimen
There were two main assumptions that were made when calculating the fracture toughness 
data. The crack length was measured from the centre of the loading pins and the slight 
bending moment present in the brass end-tags was assumed to have a negligible effect on 
the load/crack measurements during testing.
3.7 Wedge Rig Configuration and Test Procedure
The DCB testing procedure employed enabled the in situ observation of crack 
particle interactions. In some cases, however, due to the propensity for catastrophic crack 
propagation in these materials, the observation of some crack wake toughening 
mechanisms was difficult. This necessitated an even more controlled rate of crack 
propagation than that provided by the DCB testing rig. A ’wedge rig’ was therefore
(3.17)
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designed to overcome the crack propagation problem and the crack path was observed 
using CLSM. The confocal laser scanning microscope enabled focused, high magnification 
and resolution images of crack/particle interactions to be obtained without any detail being 
masked through charging effects (as with SEM techniques). It is envisaged that using the 
extended focus feature of the confocal laser scanning microscope will become an 
increasingly more viable technique for the study of crack/particle interactions in ceramic 
materials.
A schematic of the wedge rig configuration is shown in Figure 3.11. It consists 
essentially of a ram mounted on a sliding rail which is free to move along the centre of 
the rig. A hardened steel wedge is positioned at the end of the ram and load is applied 
to this wedge by winding a fine thread screw into the ram.
Composite specimens of dimensions 22 mm x 12 mm x 1 mm were prepared using 
the procedure in § 3.5.3. A 4 mm notch was machined along the centre of the plates 
parallel to the length to provide a crack initiation point. On placing specimens on the rig 
it was ensured that they were flat optically in order to facilitate the confocal aperture of 
the CLSM.
Prior to observation of a specimen it was ensured that crack propagation had 
commenced from the notch tip. This was achieved by wedging the specimen in the rig by 
the application of a small force to increase the strain energy of the specimen. The rig was 
then lightly ’tapped’ in order to dissipate some of this energy. The dissipated energy went 
into creating new crack surfaces which propagated from the notch tip. This tapping 
procedure was performed with care to avoid catastrophic crack propagation through the 
specimen. Once crack propagation had occurred, the crack/particle interactions could be 
observed and recorded using the CLSM in extended focus mode. Maximum image 
resolution was obtained using the 488 nm wavelength laser light source.
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Figure 3.11 Schematic illustration of the wedge rig configuration used, in conjunction 
with confocal laser scanning microscopy, to observe crack/particle interactions in 
composite specimens. (Approximately to scale).
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3.8 SUMMARY
The fabrication routes and experimental techniques employed in the study of 
alumina/iron composites have been outlined.
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4. MATERIALS AND INTERFACIAL CHARACTERISATION
4.1 INTRODUCTION
It is envisaged that the fracture toughness of an alumina/iron composite will be 
related directly to the morphology of the iron particles and the interfacial bonding 
between the constituents. Characterisation of the microstructures produced by specific 
fabrication processes is the first step towards understanding these microstructure/property 
relationships. In order to introduce the parameters of most importance when considering 
the metal-ceramic interfacial bonding, this chapter begins with a brief literature review of 
metal-ceramic interfacial phenomena. This is followed by a description of the materials 
fabricated by sintering and hot pressing routes, paying particular attention to the effect 
of fabricating conditions on the morphology and distribution of the iron phase within the 
alumina matrix material. The interfacial characteristics of the iron and alumina are then 
discussed in order to establish the extent of interaction between them.
These characterising parameters will enable tentative predictions of the toughening 
behaviour of these composites regarding crack/particle interactions to be ascertained from 
this stage.
4.2 METAL-CERAMIC INTERFACIAL PHENOMENA
4.2.1 Introduction
The strength of the interfacial bond between a metal and ceramic, and its effect 
on the toughening capability of ductile particles in CMCs, have been highlighted 
previously (§ 2.3). The density, microstructure and mechanical properties are all 
influenced by the interfacial compatibility between the metal and ceramic; this 
compatibility is in turn governed by the wettability of the constituents and the degree of
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reaction that occurs between them.
A recent study of the alumina-nickel interfacial chemistry has reviewed this topic 
in detail (Sun, 1993). Therefore, only the basic ideas and data of relevance to the 
alumina-iron system are presented here.
4.2.2 Wetting
The alumina/iron composites are fabricated at a high enough temperature for the 
iron to be in a molten state. The conditions for the wetting of the constituents in this 
composite can therefore be estimated by the thermodynamic laws for the wetting of solids 
by liquids.
The driving force for the formation of a metal-ceramic interface is the reduction 
in energy when intimate contact is made between the metal and ceramic surfaces. To 
achieve the maximum reduction in energy and a high rate of interaction, the surfaces have 
to be brought into excited states (Klomp, 1987). Therefore, temperature and atmosphere 
are important variables, as well as the properties and structure of the surfaces.
The simplest description of the physical interaction between a metal and a ceramic 
is the work of adhesion, Wad. Specifically, when clean, defect free surfaces are brought 
into contact, energy is released in accordance with the Dupre equation:
^  = YC + Y„-Y „« (4-X)
where yc and ym are the surface energies of the ceramic and metal respectively, and ymc 
represents the energy of the interface between the metal and ceramic. The quantity Wad 
is thus the reversible work of adhesion which is the work required to separate a unit area
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of the interface into the two original surfaces. Direct measurements of Wad are not 
possible, but it is common practice to derive the Wad from measuring the contact or 
wetting angle (0) which a liquid or a solid metal establishes in equilibrium with the 
ceramic in a given ambience (Figure 4.1),
K d B Ym(1 +cos0) (4.2)
Examples of such experiments can be found by reference to the literature (e.g. Pilliar, 
1967; Nicholas, 1968). An accurate control of the working atmosphere is fundamental to 
obtaining reliable contact angle values. In particular, oxygen has strong effects on 
wettability. Naidich (1981), on the basis of the work of many authors, established that the 
wettability of an oxide by a metal and adhesion in such a system increases with growing 
affinity of the liquid phase metal for oxygen. In this way, oxygen-active metals such as 
titanium and aluminium form small contact angles and spread over certain oxide surfaces 
(e.g. alumina or silica). Halden and Kingery (1956), studied also the effect of oxygen on 
the wettability of liquid iron on alumina. They found that increasing the oxygen content 
of the iron caused the contact angle made with the alumina to decrease sharply.
Nikolopoulos (1992) studied the change in contact angle with temperature for 
various metals. The study was able to relate the wettability of the metals on alumina to 
the surface energies of these metals. Table 4.1 (after Nikolopoulos, 1992) shows the 
change in ym with temperature for various metals and it can be seen that iron is one of 
the materials with a higher y m value. Hence, for all the metals tested, if Equation 4.2 is 
considered, the Wad value for iron should be higher than the other materials due to this 
higher ym value.
Nikolopoulos (1992) has concluded also that metals with high melting points are 
more likely to have a low contact angle with alumina. Again, from Equation 4.2, a low
67
Chapter 4 : Materials and ItUerfacial Characterisation
VAPOUR
VAPOUR Ym
Figure 4.1 Schematic illustration showing the contact angle (0) in a; (a) non-wetting 
and (b) wetting, ceramic-metal-vapour system in equilibrium.
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Table 4.1 : Linear Temperature Functions of the Surface Energies (ym) of metals.
Metal Surface Energy ym (J m'2) Temperature (K)
Tin 0.560 - 0.09 x 103 (T-TJ T ;> Tm = 505
Lead 0.468 - 0.13 x lO’3 (T-Tm) T Tm = 600
Silver 0.912 - 0.15 x 10-3 (T-TJ T £ Tm = 1234
Copper 1.311 - 0.20 x 10‘3 (T-Tm) T ;> Tm = 1356
Nickel 1.754 - 0.28 x 10'3 (T-Tm) T i> Tm = 1726
Cobalt 1.831 - 0.29 x 10‘3 (T-Tra) T * Tm = 1768
Iron 1.825 - 0.27 x lO'3 (T-Tm) T ^ T ra = 1809
contact angle, 0, leads to higher Wad values. Iron was classed as having a high melting 
point compared to the other metals studied and hence, despite non-wetting behaviour it 
has a comparatively high work of adhesion and this suggests that an interface may be 
formed which can influence positively the mechanical properties of the composite.
These findings are in line with the results for iron and alumina in the push-off 
experiments performed by Nicholas (1968) who found that the stress required to push a 
solidified iron drop from an alumina substrate was high in comparison to other metals. 
Tabor (1975) states also that in some metal/ceramic systems, the value of Wad can be so 
high that, theoretically, the stress required to separate the bonded materials is of the same 
order of magnitude as the breaking stress of one of the constituents. Despite the high 
Wad in these cases, the interfacial compatibility is governed by the extent of ceramic/metal 
contact. The chemistry of the interface and the nature of the interfacial bonding do not 
feature. The experimental conditions required for a push-off test, however, (e.g. polished 
ceramic substrate, purified Ar atmosphere), are unlikely to be achieved in the processing
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of metal/ceramic composites. Therefore, high Wad values without some form of wetting 
may not be feasible.
4.2.3 Interpliase Formation by Chemical Reactions at the Interface
The strength of the interfacial bond between a metal and ceramic can be altered 
significantly by the formation of a third interphase compound (e.g. Petzow e t  a l , 1984; 
Wasynczuk and Riihle, 1987). For reaction to occur between a metal and ceramic, the 
standard Gibb’s free energy, AGt., for interface formation must be negative. The affinity 
of the metallic phase for oxygen has been shown to affect greatly this AGr value. Factors 
determining the effect of interphase formation on bond strength involve the extent of 
reaction and thickness of reaction product, the mechanical properties of the interphase, 
the stability of the interphase and its compatibility with the metal and ceramic either side 
of it.
Reddy e t  a l  (1989) have proposed four classes of interface ranging from solid 
solution interfaces which do not form an interphase, to the formation of complex oxides 
as an interphase. Considering the alumina/iron system, the complex oxide interphase most 
likely to form is iron aluminate spinel. The stability of this interphase is governed by the 
temperature of formation and the oxygen partial pressure, Po2. Changes in Po2 with 
temperature can lead to either the iron and alumina, or the spinel becoming more or less 
stable. For this reason it is difficult to form such interfaces in a controlled way by direct 
high temperature processing routes such as hot pressing or sintering. Techniques have 
been employed, however, which create the correct oxygen distribution in the material by 
oxidising the metal at low temperatures prior to a high temperature treatment. This 
method has enabled spinel to form as an interface in alumina-metal systems (e.g. Atlas 
and Sumida, 1958; Sakata e t  a l, 1986; Smith and Pope, 1991; Devaux e t  a l, 1992).
Studies of the thickness of interphase material on interface strength (e.g. Scott and
69
Chapter 4 : Materials and Interfacial Characterisation
Nicholas, 1975; Nikolopoulos, 1992) have shown that the maximum value of interface 
strength occurs when the interface is just covered by the bridging interphase material. No 
further improvement is possible with thicker interphase layers and a deterioration can, and 
often does occur as the reaction proceeds further to form a thicker continuous layer which 
is unable to accommodate stress due to volume mismatches (e.g. Crispin and Nicholas, 
1975; Nicholas, 1986).
Hence, for the alumina/iron composites of this study, a strong interfacial bond 
would be achieved if a thin bridging layer of iron aluminate were to exist between the iron 
and alumina phases.
4.3 MONOLITHIC ALUMINA AND ALUMINA/IRON COMPOSITES
4.3.1 Material Characterisation
4.3.1.1 Cold Isostatic Pressed and Sintered Specimens
The microstructure of the composite formed by cold isostatic pressing and sintering 
of the discrete particulate powder blend is shown in Figure 4.2. The microstructure of this 
composite shows an isotropic uniform dispersion of iron particles throughout the alumina 
matrix (Figure 4.2a). There was also a thin region on the outer edges of the specimen 
(Figure 4.2b) which contained less porosity than the bulk of the specimen. The density 
of this material was found to be 95.6% of the theoretical value. The porosity of the 
specimen was measured using the Quantimet and found to account for the discrepancy 
in the density measurement. XRD of this composite produced peaks which were 
identified as a-alumina and oc-iron (Table 4.2).
The lack of porosity at the edges of the sintered specimen is most probably due 
to this region densifying at the beginning of the sintering process and forming a layer that
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(a)
(b)
Figure 4.2 Reflected light photomicrographs of a cold isostatically pressed and 
sintered alumina/iron composite. The light regions denotes iron, the grey regions denote 
alumina and the black regions are due to porosity. Note also the lack of porosity in the 
upper region of (b). This dense region corresponds to the outermost layer of the 
composite specimen.
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Table 4.2 : XRD Peak Listing for Alumina/Iron Composites
Peak Number Intensity ( % ) d-spacing (nm) Phase
1 18.3 3.490 oc-Alumina
2 24.5 2.547 oc-Alumina
3 14.6 2.378 oc-Alumina
4 26.9 2.088 oc-Alumina
5 21.2 2.026 oc-Iron
6 12.9 1.742 oc-Alumina
7 22.5 1.601 oc-Alumina
8 3.4 1.511 oc-Alumina
9 2.9 1.432 oc-Iron
10 10.3 1.405 oc-Alumina
11 16.3 1.374 oc-Alumina
12 3.9 1.240 oc-Alumina
13 3.0 1.189 oc-Alumina
14 4.4 1.171 oc-Iron
15 2.5 1.099 oc-Alumina
16 2.0 1.096 unknown
17 3.2 1.078 oc-Alumina
18 2.2 1.075 unknown
19 3.6 1.040 oc-Alumina
20 4.0 0.998 oc-Alumina
21 2.1 0.935 oc -Alumina
22 4.6 0.908 oc-Alumina
23 4.7 0.906 oc-Iron
24 3.0 0.899 oc-Alumina
25 2.0 0.898 unknown
26 2.2 0.881 unknown
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was impenetrable to gases. Hence, any gases present in the remaining unsintered material 
were hindered from escape from the specimen leading to the porosity in this central 
region.
4.3.1.2 Hot Pressed Specimens
Figure 4.3 shows a reflected light photomicrograph of the alumina formed by hot 
pressing and Figure 4.4 shows reflected light photomicrographs of the composites formed 
by hot pressing the wet milled and dry milled powder blends (known hereafter as 
composites A and B respectively). Composite A shows a discrete dispersion of the iron 
particles within the alumina matrix, which was to be expected from the wet milling powder 
preparation route. Composite B contains both discrete particles, and clusters of iron 
particles within the matrix. The arrangement of the iron phase gives the microstructure 
a ’network’ appearance with the iron particles forming a semi-continuous honeycombed 
network around the alumina agglomerations. It is particularly evident in composite B, that 
hot pressing imparts a degree of anisotropy to the microstructure, with the iron particles 
being slightly elongated in a direction perpendicular to the direction of pressing.
The densities of both composites were found to be 97% of the theoretical value 
which is higher than the CIPed composite. At the outer edges of a typical hot pressed 
billet, there was usually an abundance of pure iron that had been squeezed out during the 
pressing at fabrication temperature. As these hot pressed billets are lightly abraded prior 
to density measurements, this excess iron is most likely removed during this abrasion 
process. This could account for some of the difference between the theoretical and 
experimental density values. Some of the discrepancy could be due also to porosity.
The presence of the graphite die in close proximity to the outer edges of the 
specimen during hot pressing could form trace amounts of compounds containing carbon 
and alumina/iron. XRD of the composites produced peaks which were identified as oc-
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Figure 43 Reflected light photomicrograph of a pure alumina specimen. Note that 
some regions appear denser than others. These dense regions are due to the closely 
packed agglomerations present in the as-received alumina powder.
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(a)
Figure 4.4 Scanning electron photomicrograph of: (a) Composite A, a discrete 
dispersion of iron particles (light regions) in an alumina matrix (dark regions); (b) 
Composite B, networked agglomerations of iron particles in an alumina matrix. Both 
composites contain 20% by volume of iron particles.
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alumina and a-iron although, due to the inability of XRD to detect small quantities (less 
than ca. 1 % )  of compounds, the formation of trace amounts of carbon compounds could 
not be discounted.
Hot pressing of the composites provided a technique which could be performed 
at lower temperatures with less time at temperature than conventional sintering. TEM 
studies of the alumina grain structure showed that the grain size was in the region of 0.3- 
0.4 pm (Figure 4.5). As this is the same size as the initial alumina powder, it can be 
concluded that no grain growth has occurred. This is to be expected because hot pressing 
increases the driving force for densification of the green body over that of sintering. The 
densification kinetics are increased due to particle rearrangement and particle flow. Thus, 
the sintering time and temperature can be reduced, resulting in less grain growth. With 
sintering, however, grain growth is more likely to occur.
If the effect of matrix grain size on the toughness of alumina/ductile metal 
composites is considered, large grains have been shown to be detrimental to the initiation 
of plastic deformation and ligament stretching in these materials. The ligament stretching 
process has been shown to be governed by the nucleation of voids in the metal from 
alumina grain boundary triple points (Flinn, 1991). Hot pressing was employed, therefore, 
as the fabrication route for the bulk of the studies of the alumina/iron composites in this 
study because of the ease of fabrication/densification and suppression of alumina grain 
growth during fabrication.
4.3.2 The Effect of an Oxygen Gradient on the Alumina/Iron Microstructure
Observation by naked-eye of a cross-section of the sintered specimen, showed the 
presence of gross microcracking which originated from a greenish grey region midway 
between the outer edge and centre of the specimen. This region was associated with
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Figure 4.5 Transmission electron photomicrograph of the matrix region in Composite 
A showing alumina grains in the size range (0.3-0.4 pm).
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spinel formation and the microcracking was most probably due to the CTE mismatch 
between different phases on cooling from the sintering temperature. The colour 
difference suggested that a gradient in oxygen partial pressure was able to produce regions 
within the sample which differed in both microstructure and density. Three general 
microstructures were produced from this specimen which are shown in Figure 4.6 and shall 
be denoted as regions I, II and III corresponding to the edge, midway into the specimen 
and centre of the specimen respectively. The boundaries between these regions were 
severe to the extent that the transition from region II to region III, for example, took 
place over a distance of 20 pm.
Considering region I, from the photomicrograph of this region, it can be seen that 
there are two distinct phases. The light phase is iron and the grey phase is alumina. It 
is apparent also that there is a large amount of porosity (ca. 30%) in this region. Results 
of the electron probe micro analysis (EPMA) of this region are shown in Figure 4,7. 
From this analysis, it can be seen that there is a large amount of carbon associated with 
the pore areas. This is to be expected as the reducing atmosphere was in direct contact 
with the green body prior to sintering and was able to penetrate a distance of ca. 1 mm 
into the specimen.
The photomicrograph of region II shows it to be a single phase region (Figure 
4.6b). EPMA of the region identified this phase as FeAl20 4 (Figure 4.8) and this 
corresponded also to the greenish-grey region observed with the naked eye. The porosity 
present in this phase was ca. 20% and the lack of any iron in this region was due to the 
fact that it was consumed in the process of forming spinel. Hence, the oxygen partial 
pressure in this region was such that the conditions for spinel formation were satisfied.
Region III was the largest of the three and it contained three phases. The EPMA 
analysis showed these phases to be alumina (dark regions), iron (light regions) and spinel 
(grey regions). From the EPMA chemical analysis maps of the elements in this region
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(I)
(n)
Figure 4.6 Scanning electron photomicrograph of the three distinct regions in a 
pre-oxidised alumina/iron composite. The regions are: (I) The edge of the specimen 
containing iron (light regions) alumina (dark regions) and gross porosity; (II) A spinel 
region adjacent to region I; (III) The centre of the specimen containing iron (light 
regions), alumina (dark regions) and spinel (grey regions).
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CARBON
Figure 4.7 Electron probe chemical analysis map of region I. Note the abundance of 
carbon in this region.
Chapter 4 : Materials and Interfacial Characterisation
ALUMINIUM OXYGEN
Figure 4.8 Electron probe chemical analysis map of region II. This single phase spinel 
region contains an abundance of the elements aluminium, iron and oxygen.
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(Figure 4.9) it can be seen that the grey areas corresponding to spinel have a depleted 
amount of iron and aluminium. The spinel is associated with the iron particles and has 
formed as a result of the additional oxygen in the system. This central region shows veiy 
little porosity (ca. 5%) and any porosity that does exist appears to be associated with the 
spinel regions.
Reduced area scans for the oxygen content in all three regions enabled a tentative 
analysis of the amount of oxygen present in the three regions to be obtained. Figure 4.10 
shows, in schematic form, the relative sizes of the three regions and the relative amount 
of oxygen in each region. From this diagram, it can be seen that the centre of the 
specimen contained the greatest amount of oxygen. This was to be expected as the 
diffusion controlled progress of the outer reducing atmosphere was unable to penetrate 
into the centre of the specimen. The fact that all the iron was not consumed in the 
process of spinel formation in this central region suggests that the conditions for spinel 
formation were not optimised.
The spinel which has formed, does not appear to have grown as a continuous 
phase around the interface of all the iron particles, but rather from specific regions of the 
interface. This could be due to the lack of iron oxide at various points on the surface of 
the iron, or due to an unfavourable crystallographic orientation for the growth of spinel 
on iron. The size of the spinel regions which have grown is of the same order as the iron 
particles rather than being present as a thin interfacial layer. It may therefore be 
concluded that, these spinel regions would be detrimental to the toughness of the 
composite as they would provide a preferential fracture path for a propagating crack 
producing a more brittle material.
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Figure 4.9 Electron probe chemical analysis map of region III. The spinel in this 
region is most easily discernable by reference to the iron chemical analysis map. The 
spinel is denoted as the dark green regions around the iron (light green) particles.
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Specimen
Relative Area Fractions of Regions I, II and III
Distance Across Specimen
Region I Region II Region III
Figure 4.10 Schematic illustration of; (a) The relative area fractions of the three 
regions in the partially oxidised powder blend specimen, (b) the relative oxygen content 
in each of the three regions (from EPMA counts).
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4.4 INTERFACIAL STUDIES OF ALUMINA/IRON COMPOSITES
BY TEM AND EELS
A typical TEM photomicrograph for a hot pressed discrete particulate 
alumina/iron composite is shown in Figure 4.11. In general, these areas showed an 
average grain size of alumina to be in the 0.3-0.4 pm range indicating the suppression of 
grain growth with hot pressing. The iron particles which had not been preferentially 
thinned by the ion beam milling process were all found to be heavily dislocated. These 
dislocations could be due to the sample preparation process, but are most likely to have 
arisen from the difference in the CTE between the iron and alumina which promotes 
internal stresses on cooling from the fabrication temperature.
TEM studies of the interfacial region showed that in most cases the interface 
between the iron and alumina was lacking in any interphase material. These interfaces 
suggested that no reaction had occurred between the iron and the alumina. From this 
result it can be suggested that if a crack were to interact with an iron particle in this 
composite, then this interfacial region would supply a preferential crack propagation path.
From Figure 4.11, it is difficult to ascertain whether any wetting had occurred 
between the iron and the alumina. Nikolopoulos (1992) studied the wetting of iron on 
alumina up to a temperature of 2000°C and found that, although the contact angle of iron 
decreased with temperature, it did not decrease sufficiently for the iron to ’wet’ the 
alumina. Hence, according to the conditions stipulated by Nikolopoulos (1992), it is 
unlikely that wetting would occur in these alumina/iron composites. Wetting may still 
occur in the composites of this study, however, due to the presence of oxygen or the 
assistance of pressure at fabrication temperature.
Analysis of the bulk iron and alumina regions produced distinct diffraction patterns 
which were found to be consistent with the presence of iron and alumina. It was
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Figure 4.11 Transmission electron photomicrograph of Composite A  Note the heavily 
dislocated iron particles (dark regions).
Figure 4.12 Transmission electron photomicrograph of an alumina-iron interface 
showing the possibility of an interphase region.
Chapter 4 : Materials and Inteifacial Characterisation
extremely difficult to obtain conclusive patterns at the alumina-iron interface regions. Any 
diffraction patterns which were obtained were compared with the data for over twenty 
iron/aluminium/oxygen/carbon compounds and in no case was there any conclusive 
evidence for a particular phase. This led to the conclusion that there may be some form 
of non-stoichiometric compound present in these interfacial regions.
The lack of conclusive evidence for wetting at the alumina-iron interfaces studied 
by TEM did not necessarily suggest the absence of any beneficial interfacial bonding 
phenomena. Also, at a small number of interfaces, there may have been evidence of a 
thin interphase region (Figure 4.12) and this may positively influence the bonding. This 
observation, however, may have been due to a non edge-on interface giving rise to 
alumina-iron overlap. In order to establish the nature of the material in these regions, 
it was necessary to capitalise on the superior spatially resolved microanalytical capabilities 
of a scanning transmission electron microscope (STEM).
The interpretation of spectra produced from the inelastic electron scattering of 
an incident beam on a material allows information about the species of elements in the 
material to be gained. EELS core loss edges arise from transitions from core levels to 
unoccupied electronic states just above the Fermi level. The latter are sensitive to the 
chemical state and therefore bonding of the atom in the solid. This is reflected in the 
energy of the edge onset (chemical shift) as well as the fine structure observed on the 
edge (electron energy loss near-edge structure - ELNES). Thus, any changes observed 
in spectra taken from an alumina-iron interface relative to those acquired from the bulk 
would perhaps indicate the nature of the interfacial bonding. The integrated area under 
a core loss edge (after background subtraction) is proportional to the number of atoms 
present, thus, it is possible to profile the concentration of elements across interfacial 
regions. This is the basis of the EELS technique pioneered by Dr. J. Bruley (1993) at the 
Max-Planck Institute in Stuttgart, Germany.
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The spectra produced from the EELS analysis of Composite A are shown in 
Figures 4.13 - 4.17. Interpretation of the results was aided by reference to
authors who had observed similar energy loss shifts or peak shape changing phenomena 
in standard elemental characterisation experiments and Dr. R. Biydson at the University 
of Surrey.
Using the STEM, evidence of an interphase between 5 and 10 nm in width was 
found at some interfaces. Studies of this interphase showed, in the case of the iron, that 
the cations present were Fe2+, which is a requirement for the formation of spinel. The 
presence of these ions were deduced from the spectra of this region (Figure 4.13) which 
shows a chemical shift to a higher energy loss by ca. 1 eV and an increase in the L3 /L* 
ratio when compared to iron in the bulk of the specimen. These phenomena are in 
agreement with the studies of Leapman e t  a l  (1982) who observe a similar shift between 
FeO and Fe. Analysis of the oxygen in the interphase (Figure 4.14) shows evidence of 
a prepeak when compared to the oxygen in the bulk alumina. This prepeak suggests the 
presence of an oxide containing a transition metal (de Groot, 1989) and in this case the 
oxide could be either iron oxide or iron aluminate spinel. If a normal FeAl20 4 spinel were 
to be present in the interphase, the octahedral sites of the crystal structure would contain 
Al. Results from the Al edges (Figure 4.15), however, showed a prepeak 
corresponding to a shift which is consistent with Al in a lower coordination than 
octahedral as in the bulk alumina (Hansen e t  a l , 1993). Hence, if the interphase were to 
contain spinel, the difference in the coordination of Al in this region implies an inverse 
or random spinel structure as opposed to a normal spinel structure.
The fact that a distinct interphase was resolvable in at only one interface using 
EELS suggests the need for more studies to account for a lack of this interphase. It is 
interesting to compare this result with the studies of Smith and Pope (1991). They have 
been able to successfully form a spinel between iron and alumina by first oxidising iron 
to form FeO and hot pressing (10 MPa) at 1450°C under vacuum conditions for
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Figure 4.13 EELS spectrum showing the presence of Fe2+ cations in the interphase 
region. The presence of these cations is denoted by the chemical shift of the interphase • 
peaks to a higher energy loss than that of the bulk iron in the material, c 0-  A*. \A
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Figure 4.14 EELS spectrum showing the presence of an oxide containing transition 
metal which is either FeO or FeAl20 4. This oxide is denoted by the 0-2p Fe 3d prepeak.
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Figure 4.15 EELS spectrum showing the Al Ly edges. The prepeak of the interphase 
edges corresponds to the presence of aluminium in a coordination of 6 as opposed to the 
coordination of the bulk alumimum which is 8.
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profile 2 O-K
Figure 4.16 EELS spectrum, showing the profiles of iron, oxygen and aluminium across 
an interphase. The overlap region of the element profiles suggests that the interphase 
contains all three elements.
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Figure 4.17 EELS spectrum showing the profiles of iron and oxygen across an alumina- 
iron interface. The minimal overlap between the elements may suggest the presence of 
direct iron aluminium bonding at the interfaces.
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approximately 1 hour. Qualitative evaluation of this interphase at temperature showed 
it to have strong adhesive properties with both iron and alumina. There were difficulties, 
however, with observation of this spinel at room temperature. It was suggested that the 
spinel decomposed on cooling from the formation temperature and that to avoid this, the 
iron oxide layer had to be above a critical thickness prior to hot pressing. Therefore, with 
the alumina/iron TEM specimen, the reduction of spinel interphases during ion milling 
cannot be ruled out.
Profiles of the constituent elements across the interphase containing Fe2+ (Figure 
4.16), showed evidence of a distinct phase. Most interfaces (those not exhibiting a distinct 
interphase) again showed evidence of aluminium in reduced coordination to oxygen (lower 
than octahedral). No evidence of oxidised Fe was observed, however there was possibly 
some evidence of direct Fe-Al bonding (Figure 4.17).
4.5 CONCLUSIONS
The two powder processing routes employed have been able to produce 
microstructures which differ greatly in the distribution of iron particles throughout the 
alumina matrix. Hot pressing has been successfully employed as a technique which can 
fabricate composites at lower temperatures, with less time at temperature, than 
conventional sintering. Hot pressing was therefore employed as the fabrication route for 
the composites in the remaining studies.
The technique of pre-oxidising powders prior to sintering in a graphite 
environment has been successfully implemented to produce specimens with a gradient of 
oxygen content from the outer edge to the centre of the specimen. This preliminary 
experiment did not, however, produce a region of iron particles surrounded by a thin, 
chemically bonded interphase of spinel.
79
Chapter 4 : Materials and Intetfacial Characterisation
Microanalysis of the interfacial regions in the hot pressed alumina/iron composites 
using TEM produced inconclusive results. It was postulated that the lack of assimilable 
results was due to the presence of non-stoichiometric compounds in these regions.
EELS has been successfully employed in the analysis of the interfaces in the hot 
pressed alumina/iron composites. In almost every case, there was no spinel interphase 
observed but there may have been some direct Fe-Al bonding. Analysis of one observed 
interphase showed it to be spinel, but with either an inverse or random structure as 
opposed to a normal structure.
There appeared to be no conclusive wetting or reaction at most alumina-iron 
interfaces. This suggests that there was no, or at most a weak, interfacial bond. 
Therefore, if a crack were to propagate through these alumina/iron composites, the 
interfacial region would most likely be a preferential crack propagation site.
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5. INDENTATION BEHAVIOUR
5.1 INTRODUCTION
The employment of indentation as a technique in the characterisation of materials 
enables a rapid, virtually non-destructive means of assessing such properties as hardness 
and indentation fracture toughness. Most of the models of indentation behaviour, 
however, have been developed for single phase materials. The following chapter assesses 
the suitability of this technique for the attainment of assimilable results from the 
monolithic alumina and alumina/iron composite specimens that have been fabricated for 
this study.
5.2 HARDNESS DETERMINATION
5.2.1 Alumina
The predominant microstructural variations in the alumina were the abundance, 
size and distribution of porosity. Porosity can be the source of a decrease in hardness, 
and it has been suggested that the effect occurs because pores allow compaction beneath 
the indenter (Rice, 1977). It is recognised that for a true measurement of hardness, no 
cracking should be associated with the indentation procedure; this is almost always the 
case in metallic materials. The main problem with the alumina, however, was that in 
order to produce an indentation without any associated radial cracks (i.e. below a load 
of 200 g), the size of the indentation was on the same scale as the porosity in the material 
causing non-ideal impressions to be left on the surface and creating difficulty with the 
measurement of the diagonals, the lengths of which are needed in the calculation of the 
hardness.
Table 5.1 shows the variation of Vickers hardness with indentation load for
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alumina. From this table, it can be seen that the Vickers hardness values of the alumina 
are higher at lower loads. The graph in Figure 5.1 shows an indentation size effect (ISE)
Table 5.1 : Variation of Vickers Hardness with Indentation Load for Pure Alumina
Indentation Load P (g) Average Vickers 
Hardness
Indentation Diagonal 
Length d (|im)
50 2737 5.82
100 2812 8.12
200 2608 12.66
300 2446 15.08
500 2176 20.64
1000 2125 29.54
2000 2115 41.90
plot for the hot pressed alumina material (produced by plotting log P versus log d). By 
taking a line of best fit through the points on this graph, an indication of the indentation 
size index, n, is obtained. If hardness is not a function of indentation load, then n should 
have a value of 2 . The greater the deviation of n values below 2, the greater the effect 
of the indentation load on the measured Vickers hardness values. In this case the value 
of n is 1.8 and this indicates that hardness values decrease with increasing load.
It must be noted, however, that the value of n will vary depending on the range 
of indentation loads from which the gradient of the ISE plot is taken. Above an applied 
load of 200 g, indentation was accompanied by radial cracking. The radials were not well 
defined in every indentation event. In some cases there would be just two or three; the 
number of radials depended on the local microstructural features. Whilst the hardness
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ISE PLOT OF PURE ALUMINA
Log (Indentation Diagonal)
Figure 5.1 ISE plot for the indentation load range of 50 g to 2000 g in monolithic 
alumina
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values taken from indentations that have an associated cracking system are not true 
hardness values, some comparative results can be obtained.
Well-defined radial cracks emanating from all four apices of the diamond 
impression were only observed at loads of 1 kg and above (Figure 5.2). This 1 kg value 
was taken as the lower load value for the gradient on the ISE plot. At higher loads, four 
radials were observed with each indentation event. Above a load of 2 kg, the indentation 
size effect diminishes and therefore, a load of 2 kg was taken as the upper load value for 
the gradient on the ISE plot.
Ramsey and Page (1988) have recorded ISE indices for a number of ceramics with 
values ranging form 1.6 to 1.85. Hence, the experimentally derived result for n is in good 
agreement with values obtained for other ceramic materials. As the ISE diminishes at 
higher loads, a value for the Vickers hardness of alumina was obtained by indenting at a 
load of 20 kg and was found to be 2125 kg mm'2 (with a standard deviation of 70 kg mm'2). 
At such a high load, the effect of the porosity did not have a significant effect on the 
measured hardness values due to the fact that, compared to the size of the impression at 
this load, the porosity was only small-scale.
5.2.2 Composite Materials
5.2.2.1 Composite A
An example of the indentation behaviour of the discrete particle composite is 
shown in Figure 5.3. The observed type of crack system is akin to the shallow lateral 
cracking system described by Cook & Pharr (1990) where there are surface specific cracks 
originating from the sides of the indentation. This crack system was first observed in this 
composite at loads of 100 g. Below this load, the size and shape of the diamond 
impression was affected greatly by the relative position of the iron particles and the
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Figure 5.2 Scanning electron photomicrograph of a 20 kg indentation in monolithic 
alumina. Note the four radial cracks emanating from the apices of the indentation.
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(a)
(b)
Figure 5 3  Scanning electron photomicrographs of typical indentations in Composite 
A. In all indentation events, the shallow lateral crack system formed. Note also the radial 
crack in (b) which only formed at indentation loads of 20 kg.
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shallow lateral system was not observed. It is interesting to note that on increasing the 
indentation load, although the size of the impression increased relative to microstructural 
inhomogeneities, the shallow lateral system remained the only cracking system observed 
up to loads as high as 20 kg. When a 20 kg load was applied, there was some evidence 
of radial cracking (see Figure 5.3).
The variation in Vickers hardness values for an indentation load of 20 kg is shown 
in Figure 5.4a. Hie average Vickers hardness for this composite was 1145 kg mm'2 at this 
load, but Figure 5.4a clearly shows that there is quite a difference in the range of Vickers 
hardness values (standard deviation of 182 kg mm'2) and an ISE index for this material 
would be extremely subjective. Hie average hardness results obtained can only therefore 
be compared to those of the pure alumina and it is found, as would be expected due to 
the low hardness of pure iron, that the composite material has a lower average hardness 
than the alumina.
5.2.2.2 Composite B
The microstructure of this composite is less homogeneous on a microscopic level 
than Composite A  as it contains some regions of iron and alumina that are over 100 pm 
in length and 40 pm in width. Therefore, the indentation behaviour of this composite will 
be highly dependent on the precise placement of the indenter. Some examples of 
indentations in Composite B are shown in Figure 5.5. A  preliminary attempt to estimate 
an average Vickers hardness value from the indentation data of Figure 5.4b yielded a 
value of 1032 kg mm'2 (for a 20 kg load) which is lower than Composite A. The standard 
deviation for the data, however, was 239 kg mm'2, a much higher value than for Composite
A. Thus, Composite B is less hard than both the monolithic alumina and Composite A. 
As expected, the larger scale microstructural inhomogeneities leads to a wider variation 
in the hardness data.
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Hardness Values for Composite A
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Hardness Values for Composite B
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Figure 5.4 Histograms depicting the variation of Vickers hardness for a 20 kg 
indentation load in Composites A and B respectively.
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(a)
(b)
Figure 5.5 Scanning electron photomicrograph of typical indentations in Composite
B. Note the formation of the shallow lateral and radial crack systems.
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5.3 INDENTATION FRACTURE TOUGHNESS
5.3.1 Alumina
An indentation load of 1 kg has been shown to be adequate to form four well 
defined radial cracks with pure alumina. This ’ideal’ crack system allows the use of many 
of the fracture toughness equations (e.g. Niihara et al, 1982; Anstis et al, 1981; Tanaka, 
1987; Ponton and Rawlings, 1989), but it was thought that the composite systems would 
be less likely to exhibit an ideal cracking system and hence, the universal fracture 
toughness equation of Liang et al (§ 3.6.3.2) would be a suitable approach for all the 
materials studied. Use of this equation for alumina at a load of 20 kg (to produce well 
defined radial cracks and minimise microstructural inhomogeneity effects) yielded a 
fracture toughness value of 3.5 MPa mm. This value is in agreement with the studies of 
Roberts (1991) who compared five aluminas using several different indentation fracture 
toughness models and produced values ranging from 2.5 MPa mm to 5.4 MPa m172.
5.3.2 Composite Materials
A  schematic of the cracking behaviour exhibited by Composites A  and B on 
indenting with a 20 kg load is shown in Figure 5.6. The only occasion that a radial system 
was observed was when an indentation was placed in the centre of a pure alumina region 
of Composite B. At all other times, the crack systems observed were non-ideal.
The predominant system of Composite A  was that of the shallow lateral crack. 
The use of these crack lengths leads to a gross overestimation of the fracture toughness. 
A  few indentation events produced three shallow laterals with a dominant radial crack, 
and in these cases it was this single radial crack length that was recorded for subsequent 
toughness calculation (assuming this radial crack length would have emanated from the
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COMPOSITE A
COMPOSITE B
Figure 5.6 Schematic illustration of the types of cracking behaviour exhibited by 
Composites A  and B when indented with a 20 kg load.
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other three apices in an ’ideal’ system). Composite B exhibited a myriad of crack systems 
ranging from the same type of shallow lateral systems as Composite A, to the formation 
of a single dominant crack which propagated from an iron particle at the edge of a 
diamond impression and grew to lengths in the region of twice the diamond impression. 
In all cases, the longest observed crack was measured in order to reduce overestimations 
in the calculated fracture toughness values.
The results for both composites are given below in Table 5.2 and show that the 
fracture toughness values for both materials are much higher than would be expected. 
The average fracture toughness values were 36.3 MPa mm and 13.8 MPa m172 for 
Composites A  and B respectively. Both of these values are likely to be gross 
overestimations due to the fact that on indenting, the lateral crack system forms in 
preference to the more ’ideal’ median-radial system. As the formation of the median- 
radial system is a prerequisite for the use of this indentation technique, the technique has 
serious shortcomings when applied to the lateral crack systems of these alumina/iron 
composites.
The difference in the observed crack systems on indentation, however, shows that 
the two composites are behaving in a different manner. This difference may be described 
in terms of the short crack regime of a KR-curve, and to illustrate this point, it is necessary 
to consider the propagation of a radial crack on indenting a composite material.
If a radial crack is considered to have initiated from the apex of an indentation, 
before it intersects with a secondary phase, it will most likely propagate along the grain 
boundaries of the ceramic due to the lower energy path in this region. Bridging of the 
advancing crack will only occur if the grain size of the material is above a certain value. 
The studies of Lutz et al (1992) and Vekinis et al (1990) have observed grain bridging in 
aluminas of grain size in the region of 10 pm and higher. With the present composites, 
the grain size of the alumina is too small (0.3 - 0.4 pm) to resist the crack propagation via
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Table 5.2 : Indentation Fracture Toughness Results for Composites A  and B
Composite A Composite B
Hardness a
(pm)
c
(pm)
Kind
/M Pam w
Hardness a
(pm)
c
(pm)
Kind 
/M P a m172
780 62 77 17.58 1120 76 88 21.04
644 112 113 13.99 579 94 97 12.57
1017 130 85 8.61 927 142 84 7.05
1379 56 75 27.27 1095 76 96 24.64
1239 36 64 36.00 1239 194 83 5.43
1145 16 86 210.00 1171 152 88 8.06 j
1239 60 84 28.94 965 132 84 7.98
927 64 91 25.91 1486 108 85 14.01
1157 66 91 28.28 713 94 90 12.32
1197 52 84 35.07 909 68 92 23.91
1145 96 84 13.87 1084 76 88 20.64
1157 28 89 97.92 1379 106 884 13.45
1095 70 81 19.91 1486 128 92 12.83
1211 88 88 17.81 985 100 82 11.40
1145 124 95 12.20 927 86 85 14.65
1314 44 83 46.50 713 64 86 19.77
1157 68 88 25.28 1171 94 90 16.58
1346 52 87 40.32 909 112 87 10.36
1379 130 84 10.10 891 114 92 11.12
1225 130 90 10.73 883 142 88 7.46
frictional bridging and the crack does not exhibit KR-curve behaviour at this stage (i.e. the 
toughness amounts to the intrinsic toughness, T0, of the ceramic material). With the 
intersection of an iron particle, bridging can occur (frictional or plastic) which resists the 
further propagation of the radial crack. Several bridges may be intersected at this stage,
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but in this short crack regime, it is unlikely that a steady state process zone will be 
developed (Figure 5.7).
By relating the above description to the composites in question, the radial cracks 
which form on indentation are more likely to intersect with, and be arrested by, iron 
particles in Composite A  whilst with Composite B, for an indentation with at least one 
apex placed in an alumina rich region, longer radial cracks will tend to propagate in these 
regions of its microstructure. Therefore, although the indentation behaviour of 
Composites A  and B does not give an indication as to their absolute fracture toughness 
values, it suggests that Composite A  will exhibit superior short-crack properties in 
comparison to Composite B, i.e. a steeper KR-curve.
5.4 CHARACTERISATION OF SUBSURFACE DAMAGE
5.4,1 Introduction
The crack systems which were observed on indenting Composites A  and B were 
predominantly shallow lateral in nature. It is possible that these surface cracks could have 
formed as a result of extreme sub-surface laterals which have grown to the surface of the 
material. The extent of sub-surface lateral cracking in each system can only be quantified, 
however, if it can be observed clearly. As lateral cracks initiate from below the free 
surface, a technique is required which can quantify the amount of sub-surface damage. 
Sequential sectioning parallel to the surface by mechanical removal of material is one such 
technique, but, with ceramic materials it is both time consuming and may introduce 
artefacts into the microstructure due to its destructive nature. Confocal laser scanning 
microscopy (CLSM), however, is a technique which allows rapid non-destructive sub­
surface damage characterisation (e.g. Powell et al, 1992) and has been employed in this 
study.
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C o m p o site  A
^  □  □  □ □ □
□ □ □
Bridging Non-Bridging Potential Bridge
Figure 5.7 Schematic illustration of the formation of bridging zones for an edge crack 
in the short-crack region in a discrete particulate microstructure (open grains denote 
potential bridges, shaded grains denote active bridges and dark grains denote disengaged 
bridges): (a) crack prior to intersection with grain, (b) bridging of two grains, (c) 
disengagement and bridging of new grains.
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5.4.2 Alumina
A  comparison of the sub-surface damage exhibited by the monolithic alumina 
specimen after having been indented at different loads is shown in Figure 5.8. For the
1 kg indentation shown in Figure 5.8a, sub-surface examination did not reveal any 
additional information. Surface radials were observed by both conventional microscopy 
and CLSM. These radials were shallow (ca. 2 pm. in depth) in comparison to the depth 
of the indentation. The higher load of 2 kg (see Figure 5.8b) produced the lateral 
cracking system in addition to the surface radials. These lateral cracks were present in 
all four quadrants of the indentation and had initiated from a depth of ca. 10 /Am below 
the surface.
The residual tensile stresses parallel to the indentation axis in the 1 kg case were 
not sufficient to promote lateral cracking in the alumina but were large enough in the
2 kg case. Hence, for the composite materials it was necessary to investigate the sub­
surface behaviour at a load of 2 kg to assess whether or not the iron phase was able to 
suppress or enhance this lateral crack formation.
5.4.3 Composite A
A  2 kg indentation in Composite A  is shown in Figure 5.9a. The dark regions 
around the edges of the indentation are due to the small amounts of material that have 
been raised up during the process of indenting the specimen. This raised region is a result 
of the shallow laterals described in § 5.3.2 and the topographical facility of the CLSM has 
enabled them to be displayed in Figure 5.9b (raised material denoted as the light regions).
The areas adjacent to the apices of the indentation are devoid of radial cracks 
which would indicate that with a 2 kg load, the presence of iron particles produces a 
tougher composite. Sub-surface scanning to a depth of 11 pm did not reveal the
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Figure 5.8 CLSM colour height map of (a) a 1 kg indentation and (b) a 2 kg 
indentation in monolithic alumina. Note the absence of subsurface cracks in (a) compared 
to the presence of lateral cracks up to a depth of 13 pm in (b).
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(b)
Figure 5.9 CLSM images of a 20 kg indentation in Composite A. (a) shows a colour 
height map of the indentation without any sub-surface lateral cracks and (b) shows a 
topographical representation of the indentation with the white regions denoting raised 
material from the shallow lateral cracking system.
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formation of any lateral cracks. Subsequent indentations were performed on this 
composite in the load range 2 kg to 20 kg. In all cases below 20 kg, the only crack system 
observed was the surface specific shallow lateral system with an absence of any sub-surface 
laterals. At a load of 20 kg, additional radial cracks were formed (Figure 5.3) but these 
were only evident to a depth of approximately 6 /im which is shallow compared to the 
depth of the indentation which was 20 jam.
From these results it is possible to conclude that Composite A  does not produce 
deep lateral cracks on indentation. The suppression of the formation of the lateral 
cracking system can be attributed to the plasticity of the iron phase. The stresses 
associated with the indentation procedure must be partially relieved by the iron phase to 
a value which is too low to initiate lateral cracking on unloading. If any lateral cracks 
were to initiate, for example at even higher loads, it is most likely that interaction with the 
iron particles would hinder their propagation.
5.4.4 Composite B
Indentations in the alumina rich regions behaved in the same manner as the 
indentations in alumina, i.e. as in Figure 5.8b. Typical indentations in Composite B were 
therefore deliberately placed near to an iron particle in order to establish the effect of the 
iron on the crack patterns observed; two such examples are shown in Figure 5.10. In the 
alumina rich regions, radial cracks were observed which were present up to a depth of 
about 2 jam into the material for a 2 kg load. The region of the indentation close to the 
iron phase, however, produced lateral cracks which initiated from below the indentation 
and grew towards the iron phase. In all cases, where an indentation was placed near to 
a region of iron, these lateral cracks were observed.
The predominance of lateral cracks in these alumina/iron regions may be explained 
by considering the residual stresses developed in the composite on cooling from the
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Figure 5.10 Two CLSM colour height maps showing 2 kg indentations in Composite 
B. Note the presence of sub-surface lateral cracks (blue regions) associated with the iron 
phases.
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fabrication temperature as a consequence of the difference in CTE of the two materials. 
Such stress systems have been analysed by Weyl (1959) by considering a simplified model 
in which an isotropic spherical grain is surrounded by an infinite matrix. It was found that 
the enclosed grain is subjected to a uniform stress equal in all directions, tensile for a high 
CTE grain with respect to the matrix and compressive for a low CTE grain.
The CTE of the iron is much greater than the alumina so on cooling the interface 
will be subjected to a radial tensile stress. Using the relationship developed by Seising 
(1961) for a spherical inclusion embedded in a matrix :
o D = Aa AT
(x + , ( ! - 2V
2 E.
(5.1)
where E is the Young’s modulus, v is Poisson’s ratio, A a is the difference in the CTE of 
iron and alumina and AT is the difference between heat treatment and ambient 
temperatures. The subscripts p and m refer to the particle and matrix respectively. AT 
was taken to be 1400 K and it was assumed that the composite is in a stress free state at 
the fabrication temperature. A a was calculated as (ccp- « m)=2.7 x 10'6 K'1 to ensure that 
ctr had a positive sign denoting residual tensile stress. Assigning the material property 
values Em=380 GPa, Ep=211 GPa, vp=vm=0.25, taken from the Nuffield Book of Data 
(1984) and using Equation 5.1, a value of erR= 0.8 GPa is obtained. Generally, tensile 
stresses of this magnitude are sufficient to cause fracture in ceramic materials.
From Equation 5.1, the magnitude of the stresses is independent of particle size. 
Experimentally, it has been observed that for a specific system, cracking as a result of this 
residual stress occurs only around particles that are above a critical size (Binns, 1962). 
Thus, in practice, the susceptibility of the material to cracking around the particle depends
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on both the magnitude of the stress and the particle size. Applying an energy balance 
concept, the critical particle size, dc, above which residual stress will lead to cracking, can 
be calculated from the following equation (Davidge and Green, 1968):
d _____________________________ 8 J __________________________________ ( 5  2 )
where KIC is the fracture toughness of the matrix. Taking this as 3.5 MPa m172 (taken from 
§ 5.3.1), the critical particle size, dc, was calculated as 36 pm for the alumina/iron system 
(although according to the work of Tuan and Brook (1992), microstructural 
inhomogeneities such as porosity may reduce this value).
This value of 36pm has been calculated assuming spherical particles embedded in 
an infinite matrix. Although neither of these conditions are true for these composites, this 
value is on the same scale as the microstructure and therefore gives an indication of the 
critical particle size for iron. Thus, the residual stresses at the interfacial regions of iron 
particles below this critical size would be below that which promote matrix cracking, but 
particles above this size may produce radial cracks in the matrix which can then join with 
any propagating cracks.
Equations 5.1 and 5.2 assume, however, that the bonding between the particle and 
matrix is strong. With weaker bonding and a positive A a value, as in these composites, 
it is most likely that decohesion will occur at the interface at a lower stress than that 
required for matrix cracking. What is important, however, is that there is a critical particle 
size above which matrix cracking/decohesion will occur. Below this value, the particles 
should remain adhered to the matrix, without any associated matrix cracking.
In a similar manner, the effect of Young’s modulus can be considered. In the
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presence of an applied tensile stress (originating in this case from an indentation), the 
Young’s modulus induced differences in material constraint in the vicinity of the interface 
serve to magnify these applied tensile stresses (Goodier 1933) and this may lead to 
enhanced lateral cracking in this region.
5.4.5 The Effect of Iron on Crack Systems
It has been established that for a given indentation load, the formation of lateral 
cracks in these composites depends strongly on the proximity and size of the iron phase. 
In a preliminary attempt to characterise the lateral cracking behaviour of Composite B, 
an experiment was performed in which indentations were placed at decreasing distances 
from a continuous iron phase and the crack systems produced were observed.
A  composite containing iron and alumina phases as alternating laminates 
throughout the microstructure was fabricated using a modification of the technique 
described in § 3.4 (Figure 5.11). As the iron phase was relatively large, it was assumed 
that there would be residual stresses present in the system after fabrication and 
decohesion at several points along the interface where these stresses exceed the interfacial 
bond strength. Fifteen 2 kg indentations were placed in the alumina regions parallel to 
the alumina-iron interface at distances ranging from 450 pm to 0 pm. For each 
indentation, the surface and sub-surface crack patterns were observed.
From Table 5.3, it can be seen that the behaviour of both the radial and lateral 
cracking systems changed as the indentations were placed closer to the iron. The radial 
crack lengths from all four apices were comparable at distances greater than 60 pm from 
the iron. At distances closer than 60 pm, however, the cracks emanating from the 
impression diagonals parallel to the iron phase were longer than those perpendicular to 
the iron. At distances below about 40 pm, these radials initiated with a certain deviation 
angle towards the iron phase. The lengthening behaviour could possibly be a precursor
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Figure 5.11 Reflected light photomicrograph of a laminate alumina/iron composite. 
The bright regions are iron and the dark regions are alumina.
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Table 5.3 : Behaviour of Radial and Lateral Cracks in Alumina 
with Distance From Continuous Iron Phase (For a 2 kg load)
Indentation
Number
Distance from 
Interface (pm)
Average length of 
Parallel radials (pm)
Parallel
Radial
Deviation
Visible
Shallow
Laterals
1 457 35 No No
2 115 39 No No
3 111.5 35 No No
4 79.5 40.25 No No
5 79 38.25 No No
6 55 51 No No
7 30.5 58 No Yes
8 30 67 Yes Yes
9 28 54 No Yes
10 27.5 55 Yes No
11 26 55 Yes Yes
12 22 52 Yes Yes
13 19 73 Yes Yes
14 17.5 70 Yes Yes
15 17 66 Yes Yes
to the deviation phenomenon.
The behaviour of these radial cracks in the vicinity of the iron is very similar to 
that described in the indentation experiments of Choi and Salem (1993). They observed 
the behaviour of radial cracks which emanated from indentations in soda lime glass that 
were placed on a free surface at various distances from another perpendicular free 
surface. The horizontal radial lengthening and crack deviation (attractive) phenomena 
were found to occur as indentations were placed closer to the free surface. The 
postulated reason for this behaviour follows the same line of reasoning as for two
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materials with widely differing Young’s moduli i.e. the material constraints near the free 
surface are much less than those in the bulk material. As the crack propagation process 
is enhanced in this less constrained region, the free surface becomes a preferential site for 
crack propagation (see Figure 5.12). In the case of the laminate composite, the material 
constraints are reduced near the alumina-iron interfaces due to the difference in Young’s 
modulus and CTE mismatch, and the radial crack behaviour may be thought of as being 
similar to the material/free surface situation.
The changes in the lateral cracking system were similar to those in the radial 
system. Away from the iron phase, lateral cracks appeared in all four quadrants of the 
impression as for pure alumina. At distances below 40 pm from the interface, however, 
lateral cracks only propagated in the two quadrants closest to the iron phase and were 
larger than the laterals which occurred away from the iron phase. Figure 5.13 shows this 
behaviour an indentation placed approximately 25 pm from the iron. This case of lateral 
cracking, however, may not have been due solely to the indentation process, there may 
have been large sub-surface flaws present in this region prior to indenting. Subsequent 
analysis of several alumina-iron interfaces showed the presence of porosity in some cases. 
A  typical region of interest (surface and sub-surface) which contained no gross porosity 
prior to indentation is shown in Figures 5.14a and 5.14b. Testing of such regions yielded 
similar results, i.e. the lateral crack system propagated preferentially in the region closest 
to the iron phase when the indentation was placed at distances closer than 40 pm. These 
results show that there is a critical distance associated with an iron phase below which 
crack propagation is enhanced. For the purposes of this discussion, this distance shall be 
described as the critical preferential cracking distance, denoted as xc.
The results in Table 5.3 highlight the detrimental effect that large iron 
agglomerations can have on the indentation behaviour of these alumina/iron composites. 
The susceptibility for gross lateral cracking on indentation can be reduced, however, if the 
iron particles are close enough to each other and homogeneously distributed so as to be
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Figure 5.12 Schematic illustration of the behaviour of radial cracks as an indentation 
is placed near to a free surface. The distance x,. is the critical indentation distance prior 
to a change in the behaviour of the radial cracks.
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Figure 5.13 CLSM colour height maps of a 2 kg indentation placed near a continuous 
iron phase in a laminate alumina/iron composite. Note the deviation of the side radials 
towards the iron phase and the subsurface lateral cracking associated with the regions 
closest to the iron phase.
Chapter 5: Indentation behaviour
Figure 5.14a CLSM image of an alumina-iron interface in the laminate alumina/iron 
composite. Note that the sub-surface interfacial region is devoid of CTE mismatch- 
induced cracks.
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Figure 5.14b CLSM images of the same region shown in 5.14a. The indentation in (ii) 
shows the deep sub-surface lateral cracking system (blue in colour) associated with the 
region closest to the iron phase.
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below the diamond impression on every indentation event. In this way, the energy which 
would have gone into forming a crack system would be reduced by the plastic deformation 
of the iron particles. Also the size of the iron particles should be small enough to prevent 
residual stress induced decohesion. Both of these criteria appear to be met by Composite 
A  and neither are met by Composite B.
5.5 HYPOTHETICAL MICROSTRUCTURES
Four hypothetical microstructures can be postulated on the basis of the discussion 
in § 5.4. These are shown in Figure 5.15. It is assumed that the volume fraction of iron 
is 20% in each case. The salient features for each microstructure, as regards short crack 
behaviour, will now be discussed in turn.
Figure 5.15a is similar to Composite A  in that it is a discrete dispersion of particles 
below the critical size for CTE mismatch effects to cause decohesion. On indentation, 
iron particles contribute to the dissipation of the stresses imparted to the material by 
deforming plastically. The short crack toughness of such composites depends on the ability 
of the iron particles to resist the advance of indentation induced cracks. This resistance 
would increase with particle size up to the point at which CTE effects become significant. 
Any increase in particle size would then act to reduce toughness (Tuan and Brook, 1992).
For a discrete dispersion of particles above dc, as in Figure 5.15b, the CTE 
mismatch and Young’s modulus difference between the phases would promote lateral 
cracking at distances closer than xc to the iron. Radial crack lengths would also be longer 
than with the previous case due to the larger alumina regions. These factors lead to a 
reduced short crack fracture toughness value when compared to the microstructure in 
5.15a.
The network-type microstructure in Figure 5.15c contains iron particles which are
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MICROSTRUCTURE
(a)
(b)
(c)
(d)
CRACK PATTERN
Figure 5.15 Schematic illustration of the short-crack behaviour of four hypothetical 
microstructures (each microstructure is described in the text).
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smaller than d0 thus reducing CTE effects. Indentations in such a material would lead to 
the radial crack system in the alumina rich regions. The formation of lateral cracks versus 
radial cracks would depend on where the indenter was placed. Lateral cracking near the 
iron phase due to the Young’s modulus mismatches may occur or a pseudo median radial 
system may develop with some fully formed radials and some bridged radials.
The network microstructure in Figure 5.15d is similar also to Composite B. The 
iron phase is above dc producing CTE induced decohesion effects. Although a debonded 
interface will serve as a preferential crack path, the distribution of iron is such that 
propagating radial cracks which have initiated from the matrix rich regions cannot avoid 
the iron phase. In this respect, CTE effects are not as important as with the previous 
microstructure. Young’s modulus effects will become significant at distances below x0 from 
the iron phase resulting in lateral cracking behaviour which is more pronounced than in 
the previous microstructure.
The values xc and d0 have been used throughout this discussion of four 
hypothetical microstructures. They are, in effect, initial design parameters which can be 
used as boundary conditions for the next materials in the ’microstructural tailoring’ 
process. In this case, xc and dc have been of most use in the optimisation of short-crack 
fracture toughness properties. These four microstructures will be discussed as regards 
their long crack properties in Chapter 7.
5.6 CONCLUSIONS
The hardness and indentation fracture toughness values of Composites A  and B 
have been compared qualitatively with the value for monolithic alumina. Both composites 
have a lower hardness than alumina and both are tougher than alumina. Indentation has 
been shown to be an inadequate technique for measuring the fracture toughness since the 
composites do not develop ’classical’ crack patterns.
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The observation of surface cracks formed on indentation, however, has given an 
indication as to the superior short crack properties of Composite A. A  complementary 
study has been successfully undertaken which has observed the sub-surface laterals 
induced by indentation using CLSM. The study has shown that Composite A  does not 
form sub-surface laterals on indentation with loads of up to 20 kg, an indication of its 
good short crack properties, whereas Composite B forms sub-surface laterals at loads of 
2 kg and above.
By theoretical calculation, the critical particle size to induce CTE effects has been 
deduced. Experimental observations have enabled also the optimum distance required for 
preferential lateral crack formation at a specific load to be deduced. These values, both 
of which are of comparable size, have enabled four hypothetical alumina/iron distribution 
microstructures to be discussed as to their behaviour in the short crack toughness regime.
Theoretical calculation has shown that for a discrete particulate composite system, 
there is a critical particle size, dc, of reinforcement above which CTE effects are induced. 
Experimental observations have shown also that there is a critical distance, xc from a 
reinforcing particle in which a crack will propagate preferentially. These two parameters 
could be used as criteria for the tailoring of microstructures for the optimisation of short 
crack fracture toughness.
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6. IN SITU TESTING ANALYSIS
6.1 INTRODUCTION
The fracture toughness of ceramic materials can be assessed by reference to the 
KR-curves produced using DT and DCB techniques. This chapter presents the fracture 
toughness results for Composites A  and B which were generated using in situ DT and 
DCB testing techniques. The in situ feature of these tests allows the observation of 
specific energy dissipating mechanisms. Comparison of the performance of alumina and 
the two composites has allowed tentative quantification of the energy associated with each 
of the major mechanisms.
6.2 FRACTURE TOUGHNESS TESTING
6.2.1 Compliance Test For DCB Specimens
The compliance test was performed using the pure alumina specimens. It was 
assumed that these specimens would have a constant fracture toughness. Shielding
mechanisms such as frictional bridging are unlikely to occur due to the small grain size of
this material. Hence, crack propagation will occur when the applied stress intensity 
reaches the intrinsic toughness, T0, of the material and the crack will propagate unstably 
(i.e. Equations 2.3a and 2.3b will always hold).
The results of the pure alumina specimen compliance tests are shown in Figure 
6.1. For each initial notch size, cD, no stable crack extension behaviour was observed. The
maximum relative displacement of the loading pins prior to failure, 28, was recorded for a 
single load by use of the measurement cross-hairs on the S10Q scanning electron 
microscope. The results show good agreement between the experimentally and 
theoretically derived compliance values. This indicates that the use of the brass stubs as
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(a )
Compliance
Log (crack length)
A
c (mm) 4.7 8.0 11.2 15.7
b (mm) 2.19 2.01 1.88 2.18
bn (mm) 1.00 1.13 1.08 1.22
2h (mm) 12.47 12.5 12.5 12.54
26 (pm) 1 4 10 15
P (N) 51.7 39.6 34.4 22.9
(b)
Figure 6.1 (a) Graph and (b) schematic illustration showing the results of the
compliance test. A  comparison between theoretical and experimental compliance leads 
to inaccuracies due to the lack of rigidity of the straining stage. The slope of the log-log 
plot in (a) which should have a value of 3, however, provides justification for the analysis 
of section 3.6.5.4 used to develop an expression for G.
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end tags does not affect significantly the fracture behaviour of the DCB specimens.
6.2.2 Double Torsion and Double Cantilever Beam Results
The results of the DT experiments for Composites A  and B are summarised in 
Table 6.1 and the results of the DCB experiments for the monolithic material and both 
composites are summarised in Table 6.2. Example KR-curves obtained by DT and DCB 
testing are also shown in Figures 6.2 and 6.3 respectively. The salient features from these 
results will now be discussed.
Stable crack growth conditions could not be achieved in the monolithic alumina 
and a single average value of 3.1 MPa m1/2 was recorded (with a standard deviation of 0.16 
MPa m172 which indicates good reproducibility). As stable crack growth did not occur, it 
was not possible to observe any energy dissipating mechanisms during fracture.
The results in Tables 6.1 and 6.2 show that for both composites, the addition of 
a ductile phase to alumina leads to a tougher material. This is in agreement with the 
qualitative observations of the indentation fracture results. There is, however, a marked 
difference in the toughness values of the composites and the shape of the KR-curves, 
indicating that the two composites are behaving differently.
Table 6.1 : Results of the Double Torsion Tests
Specimen Initial IQ 
/ MPa m172
Plateau IQ 
/ MPa m172
AK/ MPa m172 
(% increase)
Process zone 
length /mm
Composite A 4.1 5.0 0.9 (22) 0.7
Composite B 4.1 7.3 3.2 (78) 3.3
100
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Figure 6.2 Example K^-curves from the double torsion tests of Composites A  and B.
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Graph of IQ v. c
c (mm)
Figure 6,3 Example K^-curves from the double cantilever beam testing of Composites
A  and B.
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Table 6.2 : Results of the Double Cantilever Beam Tests
Specimen Plateau IQ 
/ MPa m172
Average
K,
/MPa m172
AK/MPa 
(%  increase)
Process
zone
length
/mm
Roughness
Parameter
Alumina 3.020
3.321
2.935
3.1 1.001
Composite A 6.035
6.244
6.338
6.2 3.1 (100) 5.4 1.006
Composite B 10.140
9.274
9.476
9.6 6.5 (212) 4.5 1.258
Comparison of the KR-curves for the DT and DCB techniques shows that with 
DT, values were obtained for veiy short crack lengths, whereas with DCB, a crack length 
of over 6 mm was required for stable crack conditions to be achieved. This suggests that 
the two tests would sample different regions of the same KR-curve for a particular 
material. The mixed mode (modes I and II) loading in the DT test allows a more 
controlled rate of increase in applied stress intensity with crack length than the tensile 
mode I opening mode of the DCB test. As a result of this difference, process zone 
lengths for the DT test could be established at lower applied loads than with the DCB test 
(Table 6.1).
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Composite A shows a relatively small increase in toughness with crack length for 
both tests. With DCB, the relationship appears to be linear. Study of the crack-particle
interactions in this Composite (Figure 6.4) shows that debonding along the alumina-iron 
interface was the dominant crack tip shielding mechanism, with less than 2% of the iron 
particles deforming plastically. Figure 6.5 shows a typical specimen fracture surface. Iron 
particles can be seen that are still attached to the matrix, but there are also cavity sites 
where iron particles have been pulled free. This is indicative of the weak interfacial bond. 
In Composite A, it would seem that the increase in toughness is a result of crack tip 
deflection on interaction with the iron phase. This leads to crack faces that are rougher 
than those observed in the monolithic alumina. Dissipation of energy by frictional 
interaction may occur as the faces separate.
The shape of the KR-curve of Composite B differs from that of Composite A  in 
the early stages of crack growth, indicating that the material is behaving in a different 
manner. Observation of the crack-particle interactions in Composite B showed that as 
many as 30% of the iron agglomerations had deformed plastically. It should be noted that 
the plastic deformation of the particles is not the classical ligament stretching that is 
assumed to be occurring when the potential toughening increment is predicted according 
to the theory of Ashby et al (1989). Instead, the particles shear and the iron behaves like 
a hinge, bridging the crack faces. A  sequence showing the formation of such a hinge with 
load is shown in Figure 6.6.
In Composite B it would appear that it is not energetically favourable for the crack 
to follow the alumina-iron interface in every case, in contrast to the behaviour of 
Composite A. Debonding is occurring in Composite B and will contribute to the 
toughening increment, but the data indicate that there is also a significant contribution 
from the plastic deformation of the iron. It is not unreasonable to assume that the 
interfacial bond strength is similar in A  and B because they were fabricated under 
identical conditions. Hence, the differences in the crack-particle interactions are a
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Figure 6.4 Scanning electron photomicrograph of a typical crack/particle interaction 
in Composite A  (light regions are iron and dark regions are alumina). Note that the crack 
follows the particle-matrix interface.
Figure 6.5 Scanning electron photomicrograph of a typical fracture surface in 
Composite A  Note the holes in the surface denoting regions where iron particles have 
been pulled free during crack face separation.
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Figure 6.6a A sequence showing the formation of an iron ’hinge’ in Composite B (the 
light regions are iron and the dark regions are alumina. Note the plastic deformation in 
the centre of the iron phase.
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Figure 6.6b A  scanning electron photomicrograph showing an iron particle that has 
deformed plastically and stretched to failure. Note the striations on the surface of the 
iron particle.
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consequence of the differences in the shape and distribution of the iron in the two 
composites.
The iron in Composite B is agglomerated and of a more irregular shape than in 
Composite A, decreasing the propensity for debonding and encouraging plastic 
deformation. This, coupled with greater crack deflection if debonding does occur, leads 
to greater toughening increments and rougher fracture surfaces than those observed in 
Composite A.
6.3 CRACK PROFILES
The roughness of the post failur e specimens is shown in a quantitative manner for 
Composites A  and B in Figure 6.7. The collated data used to recreate these profiles can 
be displayed in terms of the angular deviation of the crack as it traverses through the 
specimen and the length of each crack segment prior to deviation. Histograms depicting 
these phenomena are shown in Figures 6.8 and 6.9.
Considering the length distribution of Composite A, it can be seen that the most 
frequent distance traversed prior to crack deviation was in the 0 to 64 pm region. In the 
majority of cases the iron particles were the cause of crack meandering due to the weak 
interface being a preferential crack propagation site (Figure 6.4). Hence, the high 
frequency of the short propagation distances in Composite A  is due to the closeness and 
abundance of the iron particles.
Although there were many short propagation distances prior to deviation in 
Composite A, Figure 6.9b shows that the most frequent angle of deviation was between 
0 and 5°. The shallow angles were a direct result of the size and shape of the iron phase. 
The small and comparatively regular particles produce deviations which scale with the 
particle diameter, and the propensity for sharp re-entrant angles is low due to the regular
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Composite A
ROUGHNESS PARAMETER R=1.006
Composite B
ROUGHNESS PARAMETER R=1.258
Figure 6.7 Computer-generated schematic reconstruction of the surface roughness in 
Composites A  and B. (The data was collated from experimental observations).
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Composite A
Length Distribution
0 8 16 24  32  40 48 56 64 72 80 88 96  104
Lengths (pm)
Composite A
Angular Distribution
Figure 6.8 Histograms depicting the length and angular distributions which describe 
the crack path in Composite A. Note each single unit of length corresponds to 8 pm
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Composite B
Length Distribution
0 8 16 24 32 40 48 56 64 72 80 88 96 104
Lengths (pm)
Composite B
Angular Distribution
-90  -75  -60  -45  -30  -15 0 15 30 45 60 75 90
Deviation Angle (0)
Figure 6.9 Histograms depicting the length and angular distributions which describe 
the crack path in Composite B. Note each single unit of length corresponds to 8 pm.
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shape (ca. spherical) of the iron.
The length distribution histogram of Composite B (Figure 6.9a) has an overall 
shape which is different to Composite A. This difference can he attributed to the 
difference in the distribution of the iron and alumina in Composite B. The propagating 
crack is able to traverse the large alumina rich regions with minimal deviation (Figure 
6.10) and may travel for some distance along the interface of a large iron agglomeration. 
These phenomena caused the 64-128 pm crack length range to be the most frequent in 
this composite.
Considering the angular deviations in Composite B (Figure 6.9b), the overall shape 
of this histogram is different to the angular distribution of Composite A. The crack front 
meandering is again attributed to the preferential propagation site of the interface, but 
due to the irregular shape of the iron agglomerations, the angular deviations are far more 
pronounced than with Composite A. It is interesting to note the abundance of angular 
deviations in the 10-45° region. Deviations of this order and above are far more likely to 
give rise to mechanical interlocking of the iron phase between separating crack faces and 
frictional bridging.
The raw data collated from the crack path profiles of post-failure DCB specimens 
enable a comparison to be made between different materials. An ideal crack profile 
would be one which contained many short crack propagation lengths which had high 
angles of deviation. In this way, the probability of mechanical interlocking and hence, 
crack tip shielding is increased leading to more a steeply rising KR-curve. The short crack 
propagation lengths is a feature of Composite A, whereas higher deviation angles are 
exhibited by Composite B. This suggests that a material with a microstructure which 
contained elements of both Composites A  and B may produce a more ideal profile.
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Figure 6.10 Scanning electron photomicrograph showing the crack path in an alumina- 
rich region of Composite B. Note that the crack does not show much angular deviation.
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6.4 NUMERICAL MODELLING OF TOUGHENING MECHANISMS
6.4.1 Introduction
This section attempts to relate the fracture toughness values obtained by experiment 
to the mechanisms observed during testing. As previously stated, the mechanisms of most 
interest are the frictional bridging which occurs on deflection of the crack as it follows the 
alumina-iron interfaces in both composites and the plastic, deformation of the mechanically 
interlocked iron in Composite B. These contributions can be evaluated independently in 
terms of their contributions to the fracture toughness (Faber, 1993).
6.4.2 Allocation of Energy Dissipating Mechanisms
The toughening mechanisms in these materials each have an associated stress 
intensity factor, K, or strain energy release rate, G. With linear elastic fracture mechanics, 
stress intensities are additive (Lawn, 1993b), hence, an analysis in terms of K would be an 
ideal method of dealing with many different toughening mechanisms. An analysis in terms 
of K, however, requires extensive mathematical modelling which is beyond the scope of 
this thesis. An alternative, but more approximate method is to model the mechanisms in 
terms of G. This method has been undertaken in the following sections. Such an approach 
is only valid, however, if one toughening mechanism predominates. Hence, for pure 
alumina and Composite A where there is a single dominant mechanism, the assumptions for 
using G are valid, whereas for Composites B and C, where there is more than one 
mechanism, the assumptions are poor.
Taking the fracture'toughness value for pure alumina as 3.1 MPa m1/2from Table 6.2, and 
Em as defined in § 5.4.4 the corresponding critical strain energy release rate is:
-  25 Jm.-2 . (6-1)
m
The result for Composite A can be treated in a similar manner taking the fracture toughness 
for Composite A from Table 6.2 as 6.2 MPa m1/2 and Ec as defined in § 3.6.3.2. where the 
subscript compA denotes Composite A. The only toughening mechanism
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IC comp A
(KlCcompA)2 = n 2  J m -2
E„ (6.2)
observed in Composite A  was that of debonding. If the contribution to toughness from 
the matrix is subtracted from this G1CcompA value, then it is assumed that the remaining 
energy is due solely to this debonding and frictional bridging mechanism. It then follows 
that:
In situ microscopy of DCB experiments showed that the iron particles caused deflection 
of the advancing crack. These deflections cause an increase in the roughness of the crack 
profile and therefore the surface area of created crack surface is increased. The value 
G'debonding derived includes the energy required to create this extra crack surface. The 
area fraction term Aalumina must therefore be scaled with the roughness parameter for 
Composite A. Taking the roughness parameter as Rp= 1.006 from the profile of 
Composite A, the term Aa/um^ a=0.2012 and
G =  (y  A ^  /T  A
ICcompA IC alumina alumina debonding debonding
(6.3)
where A  denotes area fraction. Taking Aaumi„a =  0.8 and Adebondi^ =  0.2
debonding = 459 J m '2
= 457 Jm "2
For Composite B, the observed mechanisms were that of debonding and plastic 
deformation. Using the same approach, and taking the value of the fracture toughness
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of Composite B as being 9.6 MPa m172 (from Table 6.2), the energy due solely to plastic 
deformation can be estimated.
GicccmpB - -K- ™ pb) =270 Jm 'j (6.4)
From experimental observation, the amount of iron which deformed plastically was ca. 
30%, the remaining iron dissipated energy via debonding and frictional bridging. 
Therefore GICB contains three elements,
I^CcompB ~ a^luminaAalumina + d^ebonding^ debonding + p^lasticAplastic
From experimental observations, ^bonding- 0*18 (scaled with the roughness parameter 
Rp= 1.258 from the profile of Composite B) and Ap/ayftc= 0.06 . Hence,
2825 Jm-’
The value obtained for Gplastic is much higher than the energy involved in 
debonding or matrix fracture and this is to be expected. Hence, the energies allocated to 
the mechanisms of matrix fracture, debonding and plastic deformation appear to be in the 
correct proportions to each other. In order to establish whether the value for Gplastic is 
reasonable, however, it is necessary to compare it to the energy dissipated when pure iron 
necks to failure.
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6.4.3 Theoretical Energy Derivation For Plastic Deformation of Pure Iron
The amount of energy dissipated as pure iron necks to failure has been estimated 
from the area under a schematic stress-strain curve (Figure 6.11a) using the values 0^ =  
280 MPa, ef=0.5 (Nuffield Book of Data, 1984) and oy=126 MPa (Donald and McMillan, 
1976). The iron particles in the composite, however, have been shown to be heavily 
dislocated due to the CTE mismatch strains on cooling from the fabrication temperature. 
This, in effect, has work hardened the iron in the composites causing it to have a higher 
yield point and lower strain to failure than pure iron (see Figure 6.11b).
The yield point of the iron in Composite B can be estimated from its hardness 
value using the relationship:
o -JL (6.6)
}  2 .9
where H is Vickers hardness and oy is the yield point. By indenting ten iron 
agglomerations present in Composite B ten, an average hardness value for iron was found 
to be 140.5 kg mm'2. Applying Equation 6.6 to this value gives a yield point of 475 MPa. 
The strain to failure was estimated from the particle in Figure 6.12 and found to be ef= 
0.1. These values were used to construct the stress-strain curve shown in Figure 11b. 
From the area underneath this curve, the amount of energy dissipated per cubic metre 
was found to be 55.2 MJ, i.e.
1 m3 of iron dissipates 55.2 x 106 J of energy
Considering the particle in Figure 6.12 to be typical of the plastically deforming particles 
in Composite B, the maximum energy dissipated in stretching this particle to failure can 
be calculated.
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Figure 6.11 Schematic illustration of; (a) the stress-strain curve for pure iron, (b) the 
extrapolated stress-strain curve of the iron in the composite materials. The yield point is 
higher and the strain to failure lower in (b) due to the work-hardened nature of this iron. 
The area underneath these curves gives the work done in straining to failure.
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Figure 6.12 Scanning electron photomicrographs showing the plastic deformation 
(hinging) of the iron particle taken as a ’typical’ deforming particle in the numerical 
analysis.
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The volume of a typical bridging particle = 100 pm x 40 pm x 40 pm
= 1.6 x 10'13 m3
Hence, a typical particle of iron dissipates 8.83 x 10'* J of energy.
6.4.4 Experimental Energy Derivation For Plastic Deformation of Iron
During a typical DCB test, the propagating crack reaches a specific length prior 
to catastrophic failure. This crack length corresponds to a certain area of new material 
created. By assessing the number of bridging particles in this area of material, the amount 
of energy dissipated by one particle can be obtained.
With the DCB tests for Composite B, the average area over which bridging takes place 
prior to catastrophic failure is 4.5 mm2 (calculated by multiplying crack length by the 
webbing thickness).
This composite area contains 20% by volume of iron particles, 30% of which are bridging 
by plastic deformation. Hence, the area of plastically deforming bridging particles in 4.5 
mm2 is:
4.5 x Abridging mm2 of bridging iron particles = 0.27 mm2.
The area of 1 bridging particle = 100 pm x 40 pm = 4 x 10'3 mm2, therefore:
0.27 mm2 contains 68 bridging particles.
From Equation 6.5, the energy dissipated by 1 m2 of iron = 2825 Joules, thus:
0.27 mm2 dissipates 7.62 x 10"4 J and
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a typical particle dissipates 1.1 x 10 s J of energy.
The theoretical and experimentally derived values are in good agreement. There 
is, however, a discrepancy between the experimental and theoretical values. The 
mechanisms which were observed and recorded in situ were those of debonding and 
plastic deformation. The analysis was based on the allocation of energies to these 
mechanisms. The energy allocated to the experimentally derived Gplastic terin is> however, 
greater than the energy of the theoretically derived value and this is not feasible. The 
discrepancy in these values may be due to the initial assumptions of the numerical analysis. 
If, on refining the initial assumptions, the experimental term is still higher than the 
theoretical term, then it can be assumed that the experimental G lastic term contains also 
energies from other toughening mechanisms. These additional mechanisms could be crack 
branching or CTE mismatch effects, neither of which were included in this simple analysis.
The effects that crack branching and CTE mismatch effects could have are as 
follows: crack branching may account for increases in crack surface area and may increase 
the overall crack length. This would alter the G ^ 07wSwg value; CTE mismatch effects, for 
example the matrix material being placed in compression on the addition of the iron 
particles, would increase the applied energy required for crack propagation through this 
compressive region. This would have the effect of increasing the Galumina value used in 
Equations 6.3 and 6.5. Changes in the allocation of energies for the matrix material or 
debonding mechanism would alter subsequently the value for Gplastic.
Further study of the toughening mechanisms in these composites is required. It 
is unknown as to whether the inclusion of CTE effects and crack branching into this 
analysis would yield a Gplastic closer to the theoretical value, but it is evident that as a first 
approximation, this simple analysis has yielded an experimental value for GpIastic which is 
acceptable given the initial assumptions.
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6.5 CONCLUSIONS
Two alumina-iron composites have been fabricated and tested using a double 
cantilever beam technique inside a scanning electron microscope, allowing in situ 
observations of crack-particle interactions. This method has been shown to give 
reproducible results when testing such ceramic materials. Both composites have been 
found to be tougher than pure alumina specimens. The tougher of the two composites 
is the material with large agglomerations of iron particles distributed unevenly throughout 
the microstructure. The morphology is such that plastic deformation of some of the 
particles is possible, whereas toughening is by virtue of crack deflection in the composite 
with discrete particles. The plastic deformation mechanism that has been observed is, 
however, different to that assumed by theory.
SEM observations of crack/particle interactions has enabled a semi-quantitative 
analysis of the specific energy dissipating mechanisms in these composites to be 
performed. From these observations, a numerical value has been assigned to each of the 
energy dissipating mechanisms observed. These values appear to be in the correct 
proportion when compared to each other. There is, however, a discrepancy between the 
theoretically derived and experimentally derived values for the energy dissipated when a 
single particle necks to failure. This discrepancy has been attributed to the simplified 
nature of the modelling in that additional mechanisms such as crack branching and CTE 
mismatch effects have not been included in the analysis.
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7. OPTIMISATION OF COMPOSITE MICROSTRUCTURE
7.1 INTRODUCTION
The aim of this chapter is to assess the information regarding fracture toughness 
from the previous two chapters and apply it to the fabrication of a new composite 
material. Initially, the long crack behaviour of the four hypothetical microstructures first 
introduced in Chapter 5 will be discussed (based on the results from Chapter 6). The 
implications from the long-crack results are then combined with the short-crack results 
from Chapter 5 in an attempt to predict the microstructure that a new composite would 
have to possess in order to be tougher. This new composite is then fabricated, tested and 
discussed.
7.2 HYPOTHETICAL MICROSTRUCTURES
7.2.1 Long Crack Fracture Toughness
The four hypothetical microstructures discussed previously in § 5.5 can be assessed 
in terms of their long crack properties (Figure 7.1). It should be noted that it is the 
difference in size and shape of the iron particles which accounts for the types of bridging 
phenomena observed in the long crack properties of these materials.
Figure 7.1a shows a discrete dispersion of particles below the critical size for CTE 
mismatch effects to cause decohesion. On interaction with a particle, however, the 
interfacial region is still the most energetically favourable propagation path. This leads 
to debonding with minimal crack path deviation. There may be some frictional bridging 
as the crack faces separate but the regular shape and small size of these particles make 
it unlikely that there will be any mechanically interlocked bridging or intact bridges in the 
crack wake.
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Figure 7.1 Schematic illustration of the long-crack behaviour of four hypothetical 
microstructures. (The microstructures are described in the text).
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Figure 7.1b shows a dispersion of iron particles which are much larger than in the 
previous case. Crack/particle interaction will again lead to debonding, but the angular 
deviation of the crack path will be greater than in the previous case. Such deviation 
increases the propensity for frictional bridging to occur as the crack faces separate 
producing a greater shielding term, T /  than in the previous case. The regular shape of 
these particles, however, make it unlikely that mechanically interlocked bridging or intact 
bridging will occur.
Figure 7.1c shows a network type microstructure with discrete iron particles 
forming the network. The propagation of a crack through such a material would lead to 
debonding in the particulate regions with a possibility of frictional bridging. Failure would 
occur in a catastrophic manner in the alumina rich regions with little or no bridging 
mechanisms occurring. This microstructure would therefore be the most brittle 
microstructure of the four.
Figure 7.Id shows a network type microstructure with a continuous iron phase 
surrounding alumina matrix regions. The continuity of the iron ensures that the advancing 
crack must interact with it. Crack propagation along the weak interface may occur up to 
a point, but the irregular shape of the iron makes complete debonding energetically 
unfavourable. The crack will be able to advance past an iron agglomeration, hut in most 
cases the iron will be mechanically interlocked to the matrix and will be an intact bridge. 
As the crack faces separate, this interlocked iron may deform plastically and contribute 
to a much greater shielding term than in any of the previous cases. In cases where plastic 
deformation does not occur, there will be a high probability of frictional bridging occurring 
which again increases the crack tip shielding term, T^ .
7.2.2 Implications Of Short- and Long-Crack Properties
Of the hypothetical microstructures discussed, the continuous network in Figure
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7.Id has the superior long-crack toughness properties. This is due solely to the 
morphology of the iron. The shielding effect of the iron only becomes apparent at long 
crack lengths due to the catastrophic propagation of the crack through the alumina rich 
regions. One method by which an additional crack tip shielding mechanism could be 
introduced into these alumina rich regions is by the incorporation of discrete ductile 
particles. This would change the microstructure of the alumina rich regions to one which 
is akin to the microstructure in Figure 7.1a. This microstructure has been assessed 
previously (§ 5.5) and has been found to have the best short-crack properties of the four 
hypothetical microstructures.
If a material were fabricated which combined both short- and long-crack 
properties, then it is envisaged that a tougher material than any of the previously 
discussed microstructures could be produced. The discrete particles would increase the 
energy required for crack propagation over that required for propagation in pure alumina 
and, in so doing, toughen the alumina-rich regions and the continuous iron network would 
impart shielding by plastic deformation. A  schematic of such a microstructure is shown 
in Figure 7.2.
7.3 OPTIMISATION OF COMPOSITE TOUGHNESS
7,3.1 Introduction
The following section describes the fabrication of an alumina/iron composite which 
has a similar microstructure to the hypothetical material described in § 7.2.2. Prior to the 
testing of this new composite, the implications from § 7.2.2 will be applied to this new 
microstructure in an attempt to predict its toughness in relation to Composites A  and B.
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Composite C
Figure 7.2 Schematic illustration of a ’combination’ microstructure. The distribution 
of the iron (grey) phase throughout the matrix is such that the material will have good 
short- and long-crack fracture toughness properties.
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7.3.2 Experimental
200 g of alumina was weighed out into a container. The amount of iron required 
to give 20% by volume in alumina was weighed out also and divided into two equal 
batches. The first batch of iron was then dry milled with the 80% by volume of alumina. 
This powder blend was then wet milled according to the procedure in § 3.3.2.3. Pure iron 
(batch 2) was then added to the dried powder blend and dry milled according to the 
procedure in § 3.3.2.2. Hot pressing of this powder mixture was performed according to 
the procedure in § 3.4.3 and the resultant material was prepared for microscopical 
examination using the procedures in § 3.5.3. Hence, the fabricated composite material 
contained 20% by volume of iron particles in an alumina matrix.
7.3.3 Preliminary Microstructural Characterisation
Figure 7.3 shows a reflected light photomicrograph of this ’combination’ 
microstructure (hereafter known as Composite C). Like Composite B, Composite C has 
a microstructure which is network in appearance and contains a degree of anisotropy 
caused by the hot pressing procedure. The iron regions which make up the networked 
regions in Composite C, however, are thinner than those in Composite B. This is 
because the network in Composite C is formed from only 10% by volume of iron as 
opposed to 20 % by volume as with Composite B. The remaining 10% of iron in 
Composite C is evenly distributed in the equivalent of the alumina rich regions in 
Composite B. Hence, the microstructure of Composite C contains elements of 
Composites A  and B and is similar to the hypothetical microstructure shown in Figure 7.2.
The density of Composite C was measured according to the procedure in § 3.5.2 
and found to be 96% of the theoretical value. The reasons for the discrepancy in density 
values is assumed to be similar to those suggested for Composites A  and B i.e. the 
removal of excess iron that has ’sweated out’ of the composite prior to density
115
Chapter 7: Optimisation O f Composite Microstructure
Figure 73 Reflected light micrographs of Composite C (20% by volume of iron in 
alumina). The light regions are iron and the dark regions are alumina.
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measurements or the presence of porosity in the specimen.
7.3.4 Prediction of the Fracture Toughness of Composite C
7.3.4.1 Qualitative Predictions
By incorporating 20% by volume of ductile iron particles into an alumina matrix, 
the resultant composite material will be tougher than the monolithic alumina. The 
fracture toughness value will, however, be influenced by the distribution of the iron 
throughout the alumina matrix. If the toughness criteria used for Composites A and B 
are applied to Composite C, the degree of toughening in Composite C can be predicted.
If Composite C were to contain 20% by volume of networked iron (as in 
Composite B) with discrete iron particles within each alumina rich region, then it would 
be expected to be tougher than Composite B. This is because the discrete iron particles 
in the alumina regions of Composite C would impart an additional energy dissipating 
mechanism which is not present in the alumina rich regions of composite B. In addition, 
the KR-curve of such a material would rise more steeply than Composite B due to the 
enhanced short crack toughness imparted by the discrete particles within the alumina rich 
regions.
Composite C, however, contains less iron in networked form. As the plastic 
deformation of the iron in these network regions has been identified as the greatest 
energy dissipating mechanism, if there is less networked iron, then the toughness of 
Composite C should be less than that of composite B. Composite C should, however, be 
tougher than Composite A because it contains large iron agglomerations which can impart 
some degree of energy dissipation via plastic deformation.
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7.3.4.2 Quantitative Analysis
The mathematical analysis performed 011 Composites A and B enabled energy 
terms for the mechanisms of debonding and plastic deformation to be deduced. The 
formulation of these terms relies on the ability to separate each shielding mechanism 
within a given composite.
The energy terms produced from the analysis of § 6.4.2 can he used to predict the 
fracture toughness of Composite C. This theoretical prediction may then be compared 
to an experimentally measured value in an attempt to validate the numerical analysis.
The observed mechanisms occurring in Composite C were that of plastic 
deformation and debonding. Using the same approach as in § 6.4.2, the total energy term 
for Composite C is:
^ICcompC ^IC  ahmiiuA alumina + ^debonding^ debonding + ®plasti<Aplastic (7*X)
It is assumed that the value A plastic is 25% of the agglomerated iron particles which is 
0.025. A debondjng comprises the discrete iron particles plus the remaining agglomerated 
particles which did not deform plastically. As Composite C contains agglomerations of 
iron particles, it is assumed that the roughness parameter, Rp, will be similar to that for 
Composite B. For the purpose of this analysis, the term A debonding is taken as 0.22 (scaled 
with the roughness parameter for Composite B). A alwnina= 0 .8  and the energy terms are 
as defined in § 6.4.2. Hence,
Gjccompc = 25x0.8 + 457x0.22 + 2825x0.025
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iccompc = 188 J tn
Using the equation which relates stress intensity to strain energy release rate, a value for 
the fracture toughness of Composite C can be calculated. Therefore,
<7-2)
which gives
* W c -  8.05 MPa in 1/2
As expected from the use of the model developed for Composites A and B, this predicted 
value for the fracture toughness of Composite C is lower than Composite B, but higher 
than Composite A.
7.3.5 Double Cantilever Beam Testing and Crack-Particle Interaction Observation
Composite C was tested by DCB according to the procedure in § 3.6.5.3. The 
average plateau fracture toughness value from this test was 10.28 MPa m1/2 (see Table 7.1) 
and this value is higher than both Composites A and B. Hence, by combining elements 
from Composites A and B, a tougher composite has been produced. The KR-curve of 
Composite C is shown in Figure 7.4. The shape of this curve appears to be linear 
although it must be noted that the first point occurs at a crack increment of 4.1 mm and 
therefore, the data from the initial rising part of the curve has been lost due to unstable 
crack propagation conditions. The data which comprise this linear region of the KR-curve, 
however, imply that debonding was the predominant energy dissipating mechanism. This 
is due to the shallow gradient of the curve in this region (Shercliff e t  a l , 1992). It must
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Figure 7.4 An example of a K -^curve from the double cantilever beam testing of 
Composite C.
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be noted also that the crack length prior to failure is longer than in Composites A or B. 
It is therefore more likely that a steady state toughness value was achieved prior to the 
conditions of Equations 2.3 a and 2.3b being satisfied.
Table 7.1 : Results of the Double Cantilever Beam Test of Composite C
Specimen Plateau 
/ MPa
Average
Kc
/MPa m172
AK/MPa m172 
(% increase)
Process
zone
length
/mm
Roughness
Parameter
Composite C 10.226
10.038
10.576
10.28 7.18 (231) 6.5 1.223
The crack-particle interactions were observed during the DCB test and examples 
are shown in Figure 7.5. From these photomicrographs, it can be seen that, as with 
Composites A and B, the crack followed the interface between the iron and alumina. 
Figure 7.6 shows an example of a region which would have been alumina rich in 
Composite B, which, with Composite C, contains ca. 10% by volume of discrete iron 
particles. These particles impart a toughening mechanism due to crack deflection on 
particle interaction. This leads to crack faces which are rougher than those observed in 
pure alumina and energy may be dissipated by frictional interaction as the crack faces 
separate.
It was difficult, however, to observe and record plastic deformation of some of the 
larger iron agglomerations in Composite C. The plastic deformation process of some iron 
agglomerations occurred much more quickly in Composite C than with Composite B. This 
is due to the reduced volume of agglomerated iron available for plastic deformation in
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Figure 7.5 Scanning electron photomicrographs of typical crack/particle interactions 
in Composite C (the light regions are iron and the dark regions are alumina). Note that 
the crack follows the particle-matrix interface and that there is some evidence also of 
plastic deformation of the iron phase.
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Figure 7.6 Scanning electron photomicrograph showing the crack path in an alumina- 
rich region of Composite C. Note that the crack deviates as it interacts with the discrete 
iron particles (light regions). This is in contrast to the behaviour in the alumina-rich 
regions of Composite B (Figure 6.10).
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Composite C in these cases. Under similar loading conditions, the plastic zone in a 
smaller volume of iron will neck to failure more quickly than with a large volume of iron.
In order to observe and record the occurrences of plastic deformation of the iron 
in Composite C, the ’wedge rig’ procedure outlined in § 3.7 was used in conjunction with 
CLSM. The observation and recording of plastic deformation in these composites was 
possible using this technique because the rate of crack propagation through the specimen 
could be controlled more easily than with the DCB test. Photomicrographs of some of 
the crack-particle interactions are shown in Figures 7.7 and 7.8. The amount of observable 
plastic deformation of the iron agglomerations using this method was ca. 25%. This 25% 
value is a quarter of the amount of n e tw o r k e d  iron in Composite C (ca. 10% by volume), 
which is much lower than the 30% value for the networked iron (20% by volume) in 
Composite B.
It has already been suggested that the increase in fracture toughness of Composite 
B over that of Composite A is due to the energy dissipated on plastic deformation of large 
iron agglomerations. It would be expected, therefore, that the reduced amount of plastic 
deformation observed in Composite C when compared to Composite B would make 
Composite C less tough than Composite B. The fact that Composite C was tougher than 
Composite B highlights the need for a more detailed examination of the toughening 
mechanisms. More information can be obtained by examination and interpretation of the 
crack profile of Composite C.
7.3.6 Crack Path Profile of Composite C
A schematic of the profile of Composite C is shown in Figure 7.9. The roughness 
parameter for this composite was Rp= 1.223. Although this value is, as expected, of the 
same order as Composite B, it is not sufficient information to describe the movement of 
the crack through the material. The histograms of angular and length distributions are
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Figure 7.7 CLSM extended focus image of crack/particle interactions in Composite 
C. Note the crack branching in the matrix and tortuosity on interaction with the iron 
phase (light regions).
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Figure 7.8 CLSM extended focus image of crack/particle interactions in Composite 
C. Note the plastic deformation of the iron phase (light regions).
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Composite C
ROUGHNESS PARAMETER R=1.223
Figure 7.9 Computer-generated schematic reconstruction of the surface roughness in
Composite C. (The data was collated from experimental observations).
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therefore required and these are shown in Figure 7.10.
Comparison of the angular distribution of Composite C with Composite B, it can 
be seen that the shapes of these histograms are very similar. Whilst the most frequent 
angular distribution was between 0 and 5°, the deviations in the 10-45° region, as with 
Composite B, are likely to give rise to mechanical interlocking of the iron to separating 
crack faces and frictional bridging.
If the length distribution histogram of Composite C is compared with Composite 
B, it can be seen that the shapes of these curves are different. Composite C has more 
length in the 192 (im to 256 pm region and does not contain as many lengths above 448 
pm. The abundance of short lengths is related directly to the interactions with the 
discrete particles present in Composite C. This fact is the main difference between the 
behaviour of Composites B and C. It suggests that the combination of plastic deformation 
of large agglomerations and frictional bridging of discrete particles in Composite C 
imparts synergistically a greater shielding mechanism than the single mechanism of plastic 
deformation observed in Composite B.
7.4 DISCUSSION
The use of the numerical analysis in § 6.4.2 predicted a fracture toughness value 
for Composite C which was ca. 2 MPa m1/2 lower than the experimental results. This 
discrepancy may be because Composite C has a microstructure which is more diverse than 
either Composites A or B. It contains the alumina matrix which may impart shielding by 
crack branching, discrete particles which will shield via crack deflection and frictional 
bridging, large agglomerations which may shield by frictional bridging or plastic 
deformation and also the possibility of CTE mismatch effects. It is suggested that the low 
predicted value for Composite C is due to the application of the simple numerical analysis 
in § 6.4.2 to a microstructure of such increased complexity.
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Figure 7.10 Histograms depicting the length and angular distributions which describe 
the crack path in Composite C. Note each single unit of length corresponds to 8 pm.
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The fracture toughness results of Composite C can, however, be discussed in a 
descriptive manner. The increase in toughness of Composite C over that of Composite 
B can be explained by reference to Figures 7.11 and 7.12. The large iron particles which 
are interacted with at their equatorial planes are assumed to be mechanically interlocked 
and will therefore shield the crack tip by deforming plastically on crack opening. Large 
particles which are interacted with away from this central plane, and all small particles, are 
assumed to shield via frictional bridging. All the lightly shaded particles are shielding the 
crack tip and the dark particles are no longer contributing to crack tip shielding. The 
overall shielding due to these mechanisms, Tp, are summarised at each crack opening 
displacement stage.
The differences in Composite C when compared to Composite B are: the large 
particles in Composite B are larger than the equivalent large particles in Composite C; 
failure of the larger particles in Composite C occurs at smaller crack opening 
displacements than with Composite B and, therefore, the shielding term due to plastic 
deformation is lower in Composite C than in Composite B; the small particles in between 
the larger particles of Composite C are all contributing to shielding whereas the matrix 
material in between the particles in Composite B does not have an associated shielding 
term.
It is suggested that the plastic deformation and debonding shielding mechanisms 
are acting synergistically in Composites B and C, but that the cumulative effect of the 
shielding in Composite C is greater than in Composite B. This accounts for the higher 
fracture toughness of Composite C when compared to Composite B.
7.5 CONCLUDING REMARKS
A hypothetical microstructure of a material containing a continuous network of 
iron has been proposed to possess the highest long-crack toughness. It has been
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Figure 7.11 Schematic illustration of the formation of bridging zones for an edge crack 
in the long-crack region in Composite B (open grains denote potential bridges, shaded 
grains denote active bridges and dark grains denote disengaged bridges): (a) crack 
intersects two grains; (b) the first grain bridges by plastic deformation and the second by 
frictional sliding, the third grain is intersected also; (c) the first two grains no longer 
contribute to crack tip shielding and the third grain bridges via plastic deformation.
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Figure 7.12 Schematic illustration of the formation of bridging zones for an edge crack
in the long-crack region in Composite B (open grains denote potential bridges, shaded 
grains denote active bridges and dark grains denote disengaged bridges): (a) crack 
intersects with many grains and shielding occurs via plastic deformation and frictional 
sliding; (b) the first set of grains disengage, the crack intersects with the next series of 
grains and bridges in the same manner as in (a); (c) the process zone bridging continues 
as in (b).
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suggested also, that a composite which has the combined properties of long and short- 
crack toughness would be tougher than both Composites A and B.
A Composite C has been successfully fabricated which combines the long and short 
crack properties discussed hypothetically. It has been tested via DCB and was found to 
be tougher than either Composite A or B.
The toughening mechanisms in Composite C have been observed and interpreted 
qualitatively via SEM and CLSM. It has been suggested that the synergistic nature of the 
toughening mechanisms in Composite C is the reason for the discrepancies when the 
numerical model from Chapter 6 is applied to Composite C. The mechanisms of 
toughening have, however, been described qualitatively by use of the data from the 
crack/particle interactions.
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8. CONCLUSIONS
The primary aim of this project was to investigate the effect of microstructure on 
the fracture toughness of alumina/iron composites. This aim has been achieved for three 
such composites.
Composites have been fabricated by hot pressing and sintering techniques. The 
effects of changes in the distribution of 20% by volume of iron throughout the alumina 
matrix on the propagation path of cracks through the material have been studied. For all 
the composites studied, a tougher material than the monolithic alumina was produced.
Control of the fabrication process from the powder processing stage has been 
shown to be the most important factor in producing different microstructures. Two 
powder processing routes were employed, both separately, and in conjunction with each 
other in order to make powder blends for all the composites in this study. It is thought 
that the many possible combinations of these two powder processing routes are sufficient 
to tailor a specifically desired microstructure.
Hot pressing of the powder blends in an inert argon atmosphere has produced 
composites which are close to the theoretical density. Sintering was employed also as a 
fabrication technique in an attempt to manipulate the interfacial chemistry of the 
composite system. For the bulk of the studies, hot pressing was employed as the high 
temperature heat treatment as opposed to sintering because it reduced the consolidation 
temperature from 1500°C to 1400°C and reduced the sintering time at temperature from 
1 hour to 30 minutes. Two composite microstructures were compared initially. The first 
composite microstructure comprised a discrete dispersion of iron particles (Composite A) 
throughout an alumina matrix. The second microstructure contained a semi-continuous 
iron phase which formed a ’honeycomb network’ around large alumina agglomerations 
(Composite B).
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Study of the alumina-iron interfaces via TEM showed, in some cases, evidence of 
an interphase layer. The EELS analysis of this interphase showed it to be iron aluminate 
spinel with either an inverse or random ciystal structure. In most cases, however, there 
appeared to be no conclusive interaction (physical or chemical) between the iron and 
alumina and this indicated the weakness of the alumina-iron interfacial layer.
Three techniques have been employed to measure the fracture toughness of the 
composite materials, namely indentation, double torsion and double cantilever beam. 
Indentation does not produce assimilable hardness or fracture toughness values. This is 
because the crack patterns associated with each indentation event depend heavily on the 
proximity of the iron and alumina regions. If iron particles are below an indenter, during 
the indentation process the plastic deformation of the iron detracts energy from that 
required to form the ’classical’ cracking systems necessary for indentation fracture 
toughness determination. The size and shape of the diamond impression is affected also 
by the ductile phase. Hence, the hardness and indentation fracture toughness 
measurements which depend on the size of the indentations and the crack patterns 
observed are altered by the presence of the iron phase.
The indentation technique was, however, able to highlight differences in the short- 
crack behaviour of the two composites. The implications from these differences led to 
a study of the sub-surface cracking behaviour of the two composites by confocal laser 
scanning microscopy. This non-destructive technique was able to confirm the superior 
short-crack properties of Composite A over those of Composite B.
The fracture toughness testing of the composites via DT and DCB gave 
comparatively accurate fracture toughness results. The DCB technique was developed as 
part of this project for the in  s i tu  testing of small ceramic specimens. Both techniques of 
DT and DCB showed that the composite materials were tougher than the parent alumina
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matrix. The ultimate average fracture toughness of composite B (9.6 MPa m172) was much 
higher than composite A (6.3 MPa m172). The difference in these values is attributed to 
the toughening mechanisms occurring as the crack propagates through the materials. I n  
s i t u  SEM examinations of the crack/particle interactions which occurred in each specimen 
enabled the energy dissipating mechanisms to be isolated and recorded.
With composite A, the energy dissipating mechanism observed was that of crack 
deflection. This occurred over 98% of crack particle interactions and lead to rough crack 
faces. Energy may be dissipated by frictional bridging as the crack faces separate. With 
composite B, the larger iron agglomerations dissipated energy by crack deflection (70% 
of the iron) and plastic deformation (30% of the iron). The plastically deforming iron 
behaved like a hinge bridging the separating crack faces. This mechanism is different to 
that assumed by theory.
An analytical model has been developed which assigns numerical values to the 
specific energy dissipating mechanisms observed in both composites. From this analysis, 
values of G alumina=25 J m2, G debonding= 4 5 6  J m2 and G ^ /c=2823 J m2 were assigned to 
each mechanism. These appear to be in the correct proportion to each other. An 
attempt to correlate the G plastic term to a theoretically derived plastic term however, 
showed that G piastic is an overestimation of the energy attributed to plastic deformation 
in these composites. This discrepancy has been attributed to the simplified nature of the 
model in that additional energy dissipating mechanisms such as crack branching may 
contribute also. Inclusion of such additional mechanisms may make the separation of 
specific mechanisms difficult. The combination of two mechanisms may be also greater 
than the sum of the individual mechanisms, an indication of synergistic mechanistic 
behaviour.
The microstructure-property implications from the results of the indentation and 
DCB testing of composites A and B led to an attempt to tailor a microstructure to
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produce a composite with a predictable toughness behaviour. This was achieved by 
manipulation of the powder processing route in order to fabricate a composite which 
contained elements of composites A and B. This new composite, Composite C, was tested 
using DCB and found to be tougher than composites A and B (a value of 10.28 MPa m172). 
Observation of the crack/particle interactions revealed that 25% of the agglomerated iron 
deformed plastically and the remaining 75% caused crack deflection.
The analytical model that has been developed was applied to composite C and 
found to underestimate the fracture toughness by ca. 2 MPa m1/2. This underestimation 
was due to the numerical model being based on energy allocations to specific isolated 
energy dissipating mechanisms. Observation of the crack/particle interactions in 
Composite C, however, suggested that the energy dissipating mechanisms were less likely 
to be acting in isolation, but in a synergistic manner. This synergism of mechanisms was 
due to the increased complexity of Composite C over that of Composites A or B and led 
to the microstructure-property relationship of Composite C being described, therefore, in 
a qualitative, as opposed to a quantitative, manner.
It has been shown that the microstructure of ductile particle reinforced CMCs has 
a pronounced effect on the fracture toughness. A greater understanding of the behaviour 
of these materials as cracks interact with them has been gained through the i n  s i t u  nature 
of the fracture toughness testing technique. This knowledge can be used to predict the 
behaviour, as regards energy dissipating mechanisms, of composites which have a specific 
distribution of ductile phase within a brittle matrix.
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9 . FUTURE WORK
9.1 INTRODUCTION
Whilst the findings of this project have provided insight into the effect of 
microstructure on the fracture toughness of ductile particle reinforced CMCs, there are 
further topics of interest which have been identified also through the course of this 
research. These are discussed in the following sections.
9.2 IRON PARTICLE DISTRIBUTION/TOUGHNESS CHARACTERISATION
It has been found that a combination of the two types of iron distribution in 
alumina (discrete particulate and networked) has produced a tougher material than the 
composites with just one type of distribution. This finding merits firstly, the need for 
more repeat experiments to establish the reproducibility of results (this would include tests 
for manufacturing variations via the comparison of specimens with the same 
microstructure cut from different hot pressed billets). A more thorough investigation of 
the effect of changing the relative quantities of each type of iron distribution (e.g. 2% 
discrete with 18% networked etc.) on the fracture toughness of the composite must be 
performed also. Changing the volume fraction of the iron phase and the subsequent 
effect on the amount of obseived energy dissipating mechanisms may be also of interest.
9.3 INTERFACIAL CHARACTERISATION
It has been shown that the ceramic-metal interfacial bond strength in ductile 
particle reinforced CMCs affects greatly the fracture toughness of the material. The 
interfacial characteristics of alumina/iron composites have been investigated using EELS. 
More work is required in this field in order to determine the exact type of bonding at the 
alumina-iron and alumina-spinel-iron interfaces.
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9.4 NUMERICAL MODELLING
The presence of additional toughening mechanisms such as crack branching and 
CTE mismatch effects make fine tuning of the existing model using a strain energy release 
rate approach inappropriate. A reworking of the modelling in terms of additive stress 
intensities would result in more accurate predictive capabilities. This task would be a 
major undertaking and would require much time and effort. The resultant model, 
however, could be applied more readily to morphologically complex, ductile 
particulate/brittle matrix microstructures such as the composite fabricated in Chapter 7. 
Such a model could be used also as a predictive tool for hypothetical ductile particle 
reinforced composites.
9.5 OTHER PROPERTIES
The increase in fracture toughness with microstructure for these alumina/iron 
composites may be beneficial also to their performance when tested for properties such 
as wear resistance, high temperature creep resistance, fatigue and thermal shock 
resistance. These properties need to be investigated thoroughly if these composite 
materials are to find wider applicability.
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Appendices
APPENDIX I
PRELIMINARY LEAD BALL IN GLASS EXPERIMENT 
AI.l Introduction
The experimental testing configuration of such workers of Ashby e t  a l  (1989), Cao 
e t  a l  (1989) and Xiao and Abbaschanian (1991) (see § 2.4) have considered the strain to 
failure of ductile materials under varying degrees of constraint in a brittle matrix. In 
particular, the work of rupture master curve of Ashby e t  a l  (1989) assumes that an infinite 
gauge length of plastically deforming material is possible when matrix constraint is low. 
Whilst this is true for a ductile fibre in a brittle matrix, for a particle there will be a 
limited gauge length prior to particle rupture. The following sections describe a 
preliminary experiment which was devised to investigate the effect of a limiting gauge 
length on the flow behaviour of a ductile lead ball encased in a glass matrix.
AI.2 Experimental Procedure
The apparatus required for this experimental set-up is shown in Figure AI.l and 
comprises two 30 mm diameter glass rods, a 14 mm diameter lead ball and two steel 
collars. The ends of the glass rods were heated to softening point in order to enable 
spherical cavities to be impressed parallel to their length. These cavities were then 
roughened using abrasive paper, cleaned with detergent and then degreased with acetone. 
These rods were then attached, using an epoxy resin (Araldite, Ciba-Geigy), to the steel 
collars which were of the correct dimensions to be used in an Instron 1195 universal 
testing machine.
The depressions at the ends of the rods were such that, when the rods were placed 
end to end, a central spherical void was formed. The dimensions of this void were such 
that it could accommodate the lead ball with a very tight fit. The cavity surfaces were
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Figure AI.l Photograph of the apparatus required for the lead ball in glass experiment.
primed using EC 3901 (3M) to aid the adhesion process and then a high shear strength 
epoxy was used to glue the lead bail to the glass (DP 460, 3M). The basic testing 
configuration is shown in Figure AI.2.
AI.3 Results and Discussion
The results of a typical Instron test are shown pictorially in Figure AI.3, i.e. 
debonding at the lead glass interface occurred prior to any plastic deformation. Figure 
AI.4 shows examples of the interfacial region. It can be seen that there are some regions 
of pure glass with no attached lead and other regions with adhered lead. Both 
photomicrographs in Figure AI.4 show how the lead has lifted away from the glass during 
the debonding process.
The debonding of the lead from the glass highlighted the weakness of the epoxy. 
A stress-displacement curve of a typical test is shown in Figure AI.5. Based on the 
dimensions of the lead ball, the stress which the epoxy had to withstand before yielding 
occurred was 15 MPa. The highest stress reached prior to debonding, however, was ca.
8.5 MPa and this is clearly too low a value. Ashby e t  a l  (1988) state that the applied 
stresses must be in the order of six times the yield stress for necking to failure to be 
feasible. This implies that an epoxy which is at least ten times the strength of the DP 460 
would be required in order for this experiment to be successful.
As the epoxy used was one of the strongest available, it was concluded that the 
attachment of the lead ball via this technique would not provide an successful 
experimental set-up. The set-up of Ashby e t  a l  (1989) was most probably successful due 
to the stronger bonding obtained when the lead was applied to the glass in a molten state. 
In addition, the use of lead wires introduces a greater surface area for bonding than would 
the use of lead ball.
Future attempts to model this flow behaviour require a technique of attaching the
137
Appendix I
o
*
GLASS
Pb BALL
STEEL COLLAR
t
Figure AI.2 Schematic illustration of the lead ball in glass experimental testing 
configuration.
Appendix I
r 1
Figure AL3 Photographs showing the failure of the lead ball in glass testing 
configuration via debonding at the lead-glass interface.
Appendix I
Figure AI.4 Scanning electron photomicrographs of the failed lead-glass interface. 
Note that some of the lead from the ball is still present on the glass surface and has been 
partially lifted away from it during the tensile test.
Appendix I
Stress Displacement Curve
Lead Ball with Araldite Adhesive
Displacement (jim)
Figure AI.5 Graph showing the stress displacement curve resulting from the lead ball 
in glass tensile test. Note that failure occurred well below the yield point of lead.
lead to the glass which does not involve the use of an epoxy. The success of the molten 
lead route of Ashby e t  a l  (1989) may be adaptable to a ball as opposed to a wire set-up.
AI.4 Conclusions
An experimental configuration, which was devised to assess the effect of 
debonding on the flow behaviour of a lead ball, has been made successfully. Testing of 
this set-up, however, did not produce yielding of the lead, but debonding at the glass lead 
interface. The observed debonding was attributed to the weakness of the epoxy used. 
Preliminary stress-displacement curves enabled predictions as to the required strength of 
epoxy for yielding of the lead to occur. From these predictions, the value required for the 
strength of the epoxy was considered unrealistic. Another technique for attaching the 
lead to the glass is therefore required before any results can be obtained from this 
experiment.
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APPENDIX II
CONFOCAL LASER SCANNING MICROSCOPY (CLSM)
Figure AII.l shows a simple schematic of a confocal laser scanning microscope. 
Image acquisition using this technique is achieved by illuminating the specimen with a very 
small spot of laser light. This spot is then rastered over the specimen in both the x and 
y directions. The resultant reflected, transmitted or fluorescent light (depending on the 
mode of operation) from the specimen under investigation is scanned over a 
photodetector. The point by point signals generated are then transformed into a 
conventional slow scan which can be displayed on a monitor.
With conventional reflected light microscopy (RLM), images can be displayed also 
on a monitor in this fashion, but the contrast from the in-focus image will be low. This 
is due to the additional information derived from above and below the focal plane. The 
confocal aperture of the confocal laser scanning microscope, however, is able to block 
light from specimen features that are away from the focal plane of the objective lens. 
Hence, regions that are centred about the focal plane appear bright and those remote 
form the focal plane appear dark. It is possible, therefore, to obtain focused, high 
resolution images of surface features of specific object planes which can be within the 
material if it is transparent/translucent.
The depth to which internal features can be displayed depends mainly on the 
penetrative ability of the laser light source and the transparency of the specimen. Images 
from specific depths into a specimen can be obtained as what is known as a z-series. Such 
z-series optical sections are acquired typically at precise intervals and can be stored via 
computer digitisation of each image.
Digitised images may be displayed sequentially, or overlaid into one image. Image 
overlaying is made possible by use of colour. The brightest pixels at each optical section
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Figure AII.l Schematic illustration of the confocal principle in confocal laser scanning 
microscopy. [Redrawn after Shotton, 1989].
are assigned a colour which relates to the depth of the section. In this way, it is possible 
to display three-dimensional information on a two-dimensional image. It is possible also 
to display a series of z-sections as a three-dimensional surface profile image through use 
of a topographical algorithm. This feature can provide both profilometric and volumetric 
measurements.
CLSM has been applied mainly in the biological field (e.g. Brakenhoff e t  a l , 1985), 
but is finding increased use in many other areas. These include: the study of 
inhomogeneities and the base crystalline structures of glazes; the failure analysis of devices 
in the electronics field (e.g. Zanoni e t  a l , 1991); the characterisation of indentation- 
induced sub-surface damage in CMCs (e.g. Powell e t  a l , 1992).
More detailed information on the various imaging modes and other general 
features of the confocal laser scanning microscope can be found in reviews by Brakenhoff 
(1979) and Wilson (1989).
140
UNIVERSITY OF SURREY LIBRARY
